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1 Introduction

Polymeric materials offer a wide range of properties that are relevant for applications and,
hence, these materials can be found in various fields of every day life. Prominent examples
are, for instance, packaging materials or consumables, where the suitability of the polymer is
mainly determined by its mechanical properties. Other polymers offer the possibility to solve
nowadays problems in the fields of life science,!!! energy harvesting?! or energy storage.®! Due
to the very broad range of possible applications, it is useful to categorize polymers into diffe-
rent groups.[*! In the field of functional polymers, the polymer has to fulfill one specific function,
e.g., high absorption in a defined spectral range for organic photovoltaics or stealth behavior
in drug delivery systems.!! These polymers are generally well-defined and more advanced
synthesis strategies are necessary, which often makes these polymers very expensive. Com-
modity plastics are produced in large amounts and are very cost-effective.? This makes them
interesting for applications where special mechanical properties and service environments are
not required. Between these two classes is the field of technical and high performance polymers,
which are characterized by a superior mechanical behavior or offer a special property-profile,
i.e. a suitable combination of material properties.*!

The overall behavior of a polymer depends on various parameters. Generally, this connec-
tion is referred to as structure-property relationship, where structure can be interpreted either as
chemical or physical structure. The chemical structure includes (i) constitutional unit(s), which
are the (different) monomers, (ii) their arrangement, which is in particular the macromolecular
architecture and (iii) parameters that describe the distribution of their chain length, in parti-
cular the molar masses, M;, and M,, as well as the polydispersity index PDI = M,/ M,,. Most
of these parameters can only be adjusted during polymer synthesis. The advances in this field
during the last decades provides flexibility in the macromolecular design.l%”! However, the
transfer from pure academic interest to a commercial application is determined by the ratio of
the benefit of the materials properties and the costs of the often more elaborate synthesis tech-
nique. Therefore, usually only a limited selection of polymers with different macromolecular
architectures is available on an industrial scale.

The physical structure of a polymeric system describes the arrangement of the chains in-
side a polymer crystal (crystal structrue) and the overall morphology of the system on multiple
length scales. For clarity, the term structure will, in the following, only be used in the context
of the crystalline structure, which describes the lattice parameters of the polymer crystal and
the arrangement of chains within these crystals. Morphology will be used for the general arran-

gement of the polymer chains (in a crystalline or amorphous state), in microphase-separated

3 ~1.24 k€/1 for general purpose low density polyethylene.[S]
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(like in block copolymers)®! and macrophase-separated states (like in polymers blends)’! as
well as orientations, due to polymer processing.

Since the need for high performance polymers is increasing, different approaches are
developed to fulfill the desired property-profiles. Some of them have been investigated in this
work, with emphasis on understanding the relationship between macromolecular architecture,
structure and morphology as well as macroscopic properties of polymers that exhibit more
than one phase. The chapters of this thesis are divided according to the different approaches

that are used to improve the material behavior of the polymer systems.

¢ In Chapter 2, the influence of the macromolecular architecture and the morphology on
the deformation mechanism in a styrene-butadiene-based block copolymer system will

be presented.

¢ The impact of blending two linear-low density polyethylenes, having similar densities
but different macromolecular architectures, was investigated regarding the crystallizati-
on and phase behavior as well as the consequences on the mechanical properties. The

results of these investigations will be discussed in Chapter 3.

¢ Exemplary for the processing conditions, annealing close to the melting point and its in-
fluence on structure and morphology as well as the macroscopic properties will be brief-
ly discussed in Chapter 4. The first study was carried out on a ferro- and piezoelectric
poly(vinylidene fluoride-co-trifluoroethylene) in order to improve its electro-mechanical
behavior. In a second investigation, annealing close to the melting point was used to ad-
just the morphology of an amorphous-crystalline block copolymer. It was found that the

surface and bulk morphology can be efficiently adjusted by the annealing conditions.

Although the investigated materials differ in their composition, the underlying processes car-
ry obvious similarities, which underline the importance of structure and morphology as the
linking unit between the macromolecular architecture and the macroscopic properties. The
main methods that were used to describe structure and morphology of the investigated po-
lymers are: (i) Differential scanning calorimetry (DSC), which provides important insights
about the melting behavior in semi-crystalline systems,!'! (ii) dynamic-mechanical analysis
(DMA),[1% to describe the dynamic glass transition of the systems, (iii) microscopic methods,
like atomic force microscopy (AFM)!'! or transmission electron microscopy (TEM)!2! as well
as (iv) small and wide angle X-Ray scattering, 13! to study the morphology (SAXS) and the
crystal structure (WAXS), respectively. Since each of these techniques have their own advanta-
ges and disadvantages, it becomes obvious that only the combination of different techniques
enables an understanding of the role of structure and morphology on the macroscopic pro-
perties of the investigated materials and to fulfill the future challenges in the field of polymer

engineering.
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mechanism of styrene-diene-based block copolymers

Parts of this chapter have been published: [P1] R. Schlegel, Y. X. Duan, R. Weidisch, S. Holzer, K. Schnei-
der, M. Stamm, D. Uhrig, ]. W. Mays, G. Heinrich, N. Hadjichristidis, Macromolecules 2011, 44, 9374—
9383; [P2] S. Holzer, M. Ganf3, K. Schneider, K. Knoll, R. Weidisch, Eur. Polym. |. 2013, 49, 261-269.

Block copolymers, which base on blocks of polystyrene (PS) and polybutadiene (PB) or po-
lyisoprene (PI), are of high practical significance and scientific interest due to their ability
to self-assemble into microphase-separated morphologies, which can be used to tune their
mechanical behavior. Classically, these polystyrene-block-polydiene (S-D) diblock or (S-D-S)
triblock copolymers can be effectively tailored by the fraction of the styrenic hard-phase (S)
and the polydiene based soft-phase (D), which typically consists of PB or PI. The volume
fraction ¢ of these individual components influences the microphase separated morphology
(typically 10 to 50 nm) and, as a consequence, a significantly different mechanical behavior
can be achieved, which reaches from brittle failure up to highly elastomeric behavior.!'*! For
instance, sphere and cylinder-forming SD-block copolymers, with styrene being the minor
phase, typically show an elastomeric property-profile, having high strain at break, low ten-
sile strength and high recoverability, whereas lamellar morphologies generally show distinct
yielding, lower strain at break as well as a high toughness.[”! The glassy styrene domains act
thereby as physical cross-links that soften upon heating, which allows a cost-effective thermo-
plastic processing.

Two major trends can be observed in the material development concerning the macromo-
lecular architecture of styrene-diene based block copolymers in the last years. The first one
is the development of new, complex architectures that can further improve the mechanical
behavior, e.g., the recoverability of thermoplastic elastomers. In this field multigraft copoly-
mers yielded very promising results. Partially, the observed mechanical behavior exceeded
that of commercial thermoplastic elastomers by far.l'®22! For instance, one major advantage of
these superelastic multigraft copolymers is their high elastic recovery, even after deformations
>1000%.1!! Detailed information on the deformation mechanism of these multigraft copo-
lymers were obtained by synchrotron SAXS and FTIR spectroscopy during stretching in the
group of Weidisch and can be found in Ref.[?! and [P1].

The second trend is the use of poly(styrene-stat-diene) as the soft phase in SD-based
thermoplastics, which offers the possibility to improve stiffness and strength of the polymer,

without sacrificing its toughness.l'”?3271 Thereby, the macromolecular architecture and mor-
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phology were found to significantly influence the mechanical behavior. A detailed study on
this topic is given in [P2] and will be concisely presented here.

The co-polymerization of butadiene and styrene to create the soft S/B middle block of
S-S/B-S block copolymers provides an elegant tool (i) to tune the glass transition temperature
of the soft S/B phase T; 5,5 and (ii) to control the phase behavior by adjusting the segre-
gation strength yN.[?>?4 Here, the Flory interaction parameter y describes mainly enthalpic
interactions between the inner and outer blocks, and N denotes the degree of polymerization.
Higher styrene-contents in the middle block reduce the interaction between the blocks and,
thus, decrease x. The independent control of x and N enables the possibility to investigate
their influence on the morphology and their corresponding (micro-)mechanics in differently
segregated systems. Earlier works by the groups of Michler?! and Weidisch!!7242628] des-
cribe the impact of different macromolecular architectures, like stars, or asymmetric triblock
copolymers as well as the influence of the S/B ratio on the phase behavior, morphology and
mechanical behavior. Most of these studies deal with differently segregated systems and focus
on the influence of the initial morphology on the macroscopic properties. Detailed investiga-
tions on the deformation mechanism, which describes the development of the morphology
during deformation in systems with soft S/B blocks were carried out by Michler et al. using
TEM investigations during deformation, which is reviewed in Ref.??l. Although TEM during
stretching represents a suitable technique to investigate the deformation mechanism, it has

some limitations:

(i) The probed volume by TEM is very little and, hence, the question arises, if the observed

features are representative for the whole sample.

(ii) For the TEM measurements, the samples have to be very thin, typically 10 to 100 nm.
This is in the range of the microphase-separated block copolymer morphology and, thus,

it is questionable if similar effects can be observed in the bulk material.

(iif) Due to the small contrast of the electron-density between the hard and soft phase, stai-

ning with OsOy is required, which might influence the deformation behavior.

A complementary method to investigate the deformation mechanism of microphase separated
polymers is small angle X-ray scattering (SAXS). The probed volume is defined by the size of
the beam (=1 mm?) and no staining is necessary.

In the presented study, the impact of the S/B ratio on the morphology and the defor-
mation mechanisms at similar segregation strengths YN was investigated. Two symmetric
S-5/B-S, LN50 and LN70, were provided by the BASF SE. The polymers consisted of two
PS outer blocks (each 20 wt.%) and a S/B copolymer middle block (60 wt.%). The styrene
contents in the S/B middle block were 50 wt.% and 70 wt.% styrene in the case of LN50
and LN70, respectively. In order to reach similar segregation strengths of x.¢N ~ 30, the
degree of polymerization N was adjusted. The following methods were used to investiga-

te LN50 and LN70. Transmission electron microscopy (TEM) of stained ultra-thin sections
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Figure 1: TEM micrographs of a) LN50 and b) LN70, stained with OsOy. c¢) SAXS curves of the unstret-
ched polymers, shifted for better visibility. TEM and SAXS indicate lamellar morphologies
with different degrees of long-range order. Reprinted from Ref.[?”], by permission of Elsevier.

and small-angle X-ray scattering (SAXS) were used to investigate the initial morphology of
LN50 and LN70. The tensile tests were performed, in order to study their mechanical behavi-
or. Moreover, the morphological development under tension, which provides information on
the deformation mechanism of these polymers, was investigated by synchrotron SAXS during
online-deformation. This was carried out at the synchrotron beamline BW4 at HASYLAB (DE-
SY, Hamburg) with a wavelength of A =0.138 nm, an exposure time of 120 s and a sample to
detector distance of 4024 mm. Online deformation was realized with a home-made stretching
apparatus. To ensure that the beam exposes the actually deformed volume, waisted tensile
bars were used. Image processing, including background correction and exposure time nor-
malization was performed, using Image].[?! The long periods I, = 271/q* were calculated
from the first order reflex g*. The respective deviations were estimated from the full width at
half maximum value (FWHM) of the reflex.

Figure 1 shows the results of the morphological investigations of the unstretched poly-
mers. Lamellar morphologies were found for LN50 and LN70 by TEM measurements and
could be confirmed by SAXS, as indicated by the occurrence of higher order reflexes at integer
ratios of ¢*.”) LN70 obtains a significantly higher long period of I, 0 =43 + 3.5 nm compared
to LN50 (0 =32 + 1.0 nm), due to its higher molar mass.

Significant differences were found in the mechanical behavior, as can be seen in the stress-
strain diagram in Figure 2. The curve of the plot can be divided for both polymers into three

regimes:

(i) Linear visco-elastic regime (small deformations, € $5%): Here the deformation is mainly

reversible.

(ii) Necking and cold drawing (e  10%): Leads to irreversible deformations. Necking of the
material is characterized by a drop of the stress-strain curve. This is followed by cold

drawing, which is indicated by a stress-plateau.

(iii) Strain hardening: After cold drawing, the stress increases again until the material breaks.
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Figure 2: Stress-strain diagrams of LN50 and LN70. a) Complete curve. b) Magnification of the curves
at low strains. Higher styrene-content in the middle block leads to increasing yield stress, a
higher E-Modulus as well as decreasing strain at break. Adapted from Ref.1?’], by permission
of Elsevier.

With higher styrene contents in the S/B middle block, the E-Modulus and yield stress were
significantly increasing, while the strain at break was decreasing from 400 to 250%. The overall
tensile strength, however, remains on a similar level.

Exemplary 2D-SAXS patterns are given in Figure 3 of (i) the inital state, (ii) in the cold
drawing region, (iii) during strain hardening and (iv) before the break. It is obvious that the
pattern look dissimilar, which points to different deformation mechanisms.

In Figure 3 (a—d), LN50 shows a four-point scattering pattern upon stretching, which is
commonly accepted to result from the formation of chevrons.[?>3%-32] This can be described by
lamellae undulating during stretching into a zick-zack pattern. Further deformation is carried

out by tilting of the undulated lamellae, which is described by:[?731,32]

1/ cos(a)=a- (1+ emx) 1)

Here, « is the inclination angle between the undulated lamellae that was extracted from the
2D-SAXS pattern and ey« is the macroscopic strain in stretching direction. The factor a can be
interpreted as a parameter that describes the influence of lamellae tilting on the overall defor-
mation process; in the case of affine tilting, it can be roughly estimated to be v/2 for initially
unoriented samples.[”” However, a detailed investigation of the morphological development
of LN50 during stretching leads to (i) significantly lower values of 2 and (ii) to the finding that
a is a function of the actual strain. The influence of lamellae tilting is systematically decreasing
with increasing strain and the corresponding values for the parameter a are a; =0.42 during
cold drawing (30% < emx < 80%), a2 = 0.22 at 80% < epmx < 180% and a3z = 0 in the strain
hardening regime (epmx > 180%). It could be found that the contribution of lamellae tilting
on the overall microscopic deformation is only ey ~45%. Thus, the microscopic deformation

behavior of LN50 cannot only be described by chevron formation and lamellae tilting.
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Figure 3: 2D-SAXS pattern of LN50 (a—d) and LN70 (e-h). The numbers denote the actual strain and
the scale bar represents §=0.2 nm~!. The intensity is plotted in linear scale and is increasing
from white to black. The stretching direction is vertical. Adapted from Ref.[’”], by permission
of Elsevier.

A second proposed deformation mechanism is the triaxial deformation of the domains,
in the ideal case leading to affine deformation, where the microscopic strain €, x equals the
macroscopic strain €y x. The dependence of €, » on €y, is plotted for LN50 in Figure 4a. The
meridonal streaks, that were exemplary given in the Figures 3 (b—d), were used to estimate
the long-period in stretching direction during deformation (I, ;). From that, the microstrain
€ux = (Ipi — lpp)/1lpp0 could be calculated. It was found that the microstrain in stretching
direction is higher than the measured macroscopic strain. This was interpreted as the influence
of lamellae tilting, because the above-average increase of the strain is in particular pronounced
at lower deformations and the offset between pure triaxial deformation (black dotted line) to
the data points is close to the overall contribution of lamellae tilting (45%).

Moreover, it was tested if the obtained microstrain behavior in stretching direction can be
described by triaxial deformation and the additional contribution of lamellae tilting. For this
purpose, the prefactor of ey, which is 1 for affine deformation, was modified by adding the
parameter a; of the relating deformation regime, which describes the additional contribution
of lamellae tilting. Furthermore, microstrain-offsets were appended, to obtain a continuous

function. This leads to Equation 2 (displayed in Figure 4a as red line).

(1 + ﬂl) *EM,x for 0% < €M, x < 80%
Epx(emx) =14 (14 a2) - emx + €4x(80%) for 80% <enx <180% (2)
<1 + El3> “EMx t €y,x<1800/0) for €M, x >180%
Equation 2 describes the measured data points in a very good manner. Hence, it can be con-

cluded that lamellae undulation and tilting is especially pronounced at low deformations; at

higher strains, triaxial deformation is dominating for LN50.
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Figure 4: Microscopic strain versus macroscopic strain. LN50 (a) shows distinct contributions of triaxial
deformation; at strains above 180%, the slope is 1, indicating affine deformation. Adapted
from Ref.1?”], by permission of Elsevier.

A different deformation mechanism was observed for LN70, which has a significantly
higher styrene-content in the S/B middle block. Selected 2D-SAXS pattern of LN70 during
deformation are given in Figure 3 (e-h). The initial ring transforms upon loading into an el-
lipse, where the minor semi-axis is located in stretching direction. The decreasing scattering
vector g* in stretching direction points to increasing long-periods during elongation from in-
itially I,0 = 43 nm to [, 209, = 52 nm at a strain of ey x = 20%. The elliptical shape of the
2D-SAXS pattern remains until the specimen broke, which indicates an affine deformation
behavior. In order to prove this, the g* ellipses in the 2D-SAXS pattern were fitted and ex-
tracted values of the semi-axes were used to calculate the microstrain in stretching direction
(€ux) and perpendicular to it (€,,y). The values were then plotted against the macroscopic
strain ey, which is displayed in Figure 4b. The curves for ideal affine deformation parallel
(€ux =€mx ; black, dotted line) and perpendicular (red, dotted line) to the stretching direction

are also given in this plot. The latter can be described by:

1
P —

under the assumption of incompressibility.?”! Both curves approximate the measured data
points in a very good manner, which is a clear indication for an affine deformation beha-
vior within this sample. Thus, the triaxial deformation is dominating the micro-mechanical
behavior of LN70. The four-point pattern, which was observed in LN50 and is typical for
lamellae-forming block copolymers, was absent.

Tthe different micro-mechanical behavior might be explained by theoretical considera-
tions of Rachela and co-workers.33] Undulation and lamellae tilting are expected to require
less energy to deform upon stretching than the triaxial deformation.®3l Hence, the absence
of this low-energy deformation mechanism in LN70 provides one explanation for the higher

stress-strain curve, compared to LN50.
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The absence of chevron formation in LN70 is expected to result from the higher styrene-

content in the soft S/B middle block. The most important reasons are:

(i) Smaller grain sizes: As shown in Figure 1, LN70 obtains a reduced long-range order
compared to LN50, which hinders the cooperative lamellae undulation that is necessary
to form chevrons.®?] In other words, lamellae tilting is expected to be easier in long-range

ordered systems.

(ii) The stiffness contrast between the soft S/B-phase and the styrenic outer blocks is decre-
asing with higher styrene fractions in the middle block. As predicted by Castafieda et
al., 33! there is a transition from »shear-along the layers« (i.e. lamellae tilting in the pre-
sented study) to triaxial deformation, when the stiffness contrast between the hard and

soft phase reaches a critical value.

From these observations it can be concluded that the styrene content in the middle block
not only enhances the ability of the material to carry higher stresses during stretching. It
also directly influences the deformation mechanism of the polymer, which is crucial for the

mechanical behavior and, thus, the possible applications.






3 Tailoring morphology and mechanical behavior by blending of

olefin copolymers

Parts of this chapter have been published: [P3] S. Holzer, M. Menzel, Q. Zia, U.S. Schubert, M. Beiner,
R. Weidisch, Polymer 2013, 54, 5207-5213; [P4] A. Teichler, S. Holzer, ]. Nowotny, J. Perelaer, S. Hoeppe-
ner, F. Kretschmar, C. Bader, M. D. Hager, U. S. Schubert, ACS Comb. Sci. 2013, 15, 410-418.

As presented in Chapter 2, the variation of the macromolecular architecture offers an effective
tool to adjust the mechanical behavior of polymers. However, many polymers, in particular
those with more sophisticated macromolecular architectures, are not easily accessible in the
large scales that are necessary for commercial usage because the improved properties do often
not justify the higher costs of an advanced synthesis method. Thus, there is only a limited
range of polymers available which can fulfill the demanding material properties in future.
Common practical solutions to satisfy these requirements are compounding and blending,
i.e. the addition of additives, fillers or other polymers. Understanding the interplay between
the different components is of high interest, but, due to the nature of a multi-phase system,
often not easily accessible. This counts not only for the here-in focused mechanical behavior;
a prominent example of actual research are polymer-based bulk-heterojunction solar cells,
where the distribution of active polymer as electron donor and PCq; BMP as acceptor material
strongly defines the overall efficiency of the organic photovoltaics.*#%! More details on this
topic are provided in [P4].

In the present study, blends of two poly(ethylene-co-octene) copolymers (EOCs), diffe-
ring in their macromolecular architecture, have been investigated. These polymers belong to
the class of linear-low density polyethylenes (LLD-PEs), where the co-polymerization with
1-octene is used to adjust the optical and mechanical properties.[*38] Typical applications are
foils in the packaging sector, tubings or geomembranes.

The production of olefin copolymers on an industrial scale has long been limited to olefin
random copolymers (ORC). However, recently, the new chain shuttling synthesis®! allows
the production of olefin block copolymers (OBC) in an application-relevant scale. Two cata-
lysts with different octene selectivities are used to synthesize blocks with either a low octene
content and, thus, a high crystallinity or blocks with a high octene content and very low cry-
stallinities. Moreover, a chain shutting agent enables to exchange the blocks from one catalyst
to the other and vice versa, leading to a multiblock architecture. The macroscopic properties

of these olefin block copolymers can be adjusted by (i) the selected catalysts, which influence

b Phenyl-C61-butyric acid methyl ester
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Table 1: Molecular information of the investigated olefin copolymers.

My, PDI  Octene content

Material [kg/mol] - [mol%]
Olefin Block Copolymer (OBC) 124 21 12
Olefin Random Copolymer (ORC) 111 2.1 12

the octene level in the blocks and (ii) the chain shuttling level, which controls the block length
distribution within the multiblock copolymer.[43I

In this chapter, the thermal, mechanical and morphological behavior of blends composed
of (i) an olefin random copolymer (ORC) and (ii) an olefin block copolymer (OBC), having
similar overall octene contents are presented.

Both polymers were provided by The DOW Chemical Company. Molecular data of the
components is given in Table 1, as received from the supplier. The names that were given to the
ORC:OBC blends (Rxx) reflect the fraction of ORC in wt.%, e.g. R25 consists of 25 wt.% ORC
and 75 wt.% OBC. The blends were prepared by melt-mixing in a miniextruder and compres-
sion molding at 200 °C. During molding, the blends were subjected to a pressure of 30 N /cm?
and cooled to room temperature with a rate of 40 °C/min. Prior to the investigations, the
samples were stored at room temperature for at least 2 weeks. Calorimetric measurements
were performed at temperatures between —50 °C <T <150 °C with heating and cooling rates
of 10 °C/min. The crystallinity of the samples was calculated from the ratio of the measured
melting enthalpies AH,, to melting enthalpy of a perfect PE crystal (AH,, pr =290 J/g).[!l Dy-
namic mechanical analysis (DMA) was carried out inn tension mode between —100 and 50 °C
with a heating rate of 2 °C/min, a strain amplitude of 0.5% and a measurement frequency of
1 Hz. Tensile tests were performed according to DIN EN ISO 527 on at least five dog-bone
specimens. The initial gauge length was 28 mm and the crosshead speed was held constant
at 28 mm/min. For atomic force microscopy (AFM), small areas of the compression molded
plates were trimmed with a cryo-ultramicrotome at a temperature of —100 °C to minimize
the irreversible deformation of the morphology. AFM was performed in tapping mode, using
super sharp silicon tips with tip radii <2 nm. Wide-angle X-ray Scattering (WAXS) experi-
ments were carried out, using CuK, radiation (A =1.54 A) and a sample to detector distance
of 124 mm.

The thermal and calorimetric properties were investigated by DSC measurements. The
tirst DSC heating runs of ORC and OBC and their blends are given in Figure 5. The first
endotherm can be found at temperatures between 30 and 80 °C and has been attributed to the
melting of ORC rich crystals. This peak has a bimodal shape, which originates from different
thicknesses of crystalline lamellae (Gibbs-Thomson effect). The second melting peak is found
at a temperature of about 120 °C and is ascribed to the melting of OBC crystals. The dotted line
plots the PE lamellae thickness versus the respective melting point according to the Broadhurst
equation.[44] Based on that, the PE lamellae thickness within the blends was estimated, being
2 to 4 nm for the ORC and 10 to 20 nm for the OBC crystals. A detailed analysis in (Figure 5b)
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Figure 5: Thermal behavior of ORC, OBC and their blends: a) First heating curves together with de-
pendence of the melting point and the PE-lamella thickness according to the Broadhurst
equation.l**l The DSC curves are shifted for better visibility. b) Enthalpy of the low (V) and
high (A) melting temperature peaks versus the OBC fraction. Adapted from Ref.*!, by per-
mission of Elsevier.

reveals that the melting enthalpy of the high-temperature endotherm is linearly increasing
with the OBC fraction. For the low temperature peak, however, the melting enthalpy is non-
linearly decreasing. This effect can be explained by constrained crystallization of ORC chains
in an already semi-crystalline matrix during cooling. Moreover, this points to a homogeneous
amorphous matrix, since the crystallization can only be hindered if the OBC and ORC chains
are mixed. The occurrence of a homogeneous matrix was approved a single dynamic glass
transition temperature in dynamic-mechanical measurements within the blends.[*’]

In order to describe the mechanical behavior of ORC, OBC and their blends, tensile tests
were performed. Representative stress-strain curves are given in Figure 6a. At small strains,
€ < 50%, the mechanical behavior of the blends differs only slightly. However, distinct dif-
ferences become observable at higher stains. It turns out that the mechanical properties can
be systematically changed by the blend composition. Higher OBC contents lead to a more
elastomeric material behavior, marked by decreasing 300% secant moduli, a higher onset for
strain hardening and increasing strain at break, as shown in Figure 6b. Interestingly, the ten-
sile strength is only slightly affected by the blend composition, which indicates synergistic
effects due the bimodal crystalline network that is formed from the individual ORC and OBC
crystals.[#647 Thereby, the blocky architecture of OBC results in (i) thick but rare crystals and
(ii) long, flexible chain segments that can be easily stretched upon deformation. In contrast,
ORC crystallizes in thinner, but well distributed crystals between shorter flexible chain seg-

ments.
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Figure 6: Mechanical behavior of ORC, OBC and their blends. a) Typical engineering stress-strain cur-
ves. b) Important mechanical properties in dependence of the OBC content. Adapted from
Ref.[*®!, by permission of Elsevier.

Morphological studies of the olefine copolymers and their blends were carried out by
AFM and WAXS. Figure 7 shows AFM phase contrast images of the investigated materials.
OBC and blends with high OBC fractions reveal needle-like features. The observed average
thickness of these crystals (14 &4 nm)° is in a fair agreement with the estimated PE-lamellae
thickness of the OBC crystals, based on the DSC melting temperatures (Figure 5). As a con-
sequence, these needles are attributed to the crystals formed by OBC chains. In R25, the con-
centration of the thicker crystals is decreasing — a trend that systematically propagates with
increasing ORC contents until the thicker crystals are not observed anymore (Figure 7e). A
detailed study of the ORC crystals in these AFM images is hard, because the size of the ORC
crystals (2 to 4 nm) is close to the radius of the AFM tip (<2 nm) and, hence, they cannot be
clearly resolved by this technique. However, a network-like morphology can be observed in
ORC. The micrographs of the blends basically obtain features of the single polymers, which
is in agreement with the results from DSC.

WAXS measurements were carried out to study the crystal structure of the samples. Bragg
reflexes were found at 20 = 20.6° and 23.0°. These were attributed to the (110) and (200)
reflections of orthorhombic PE. Moreover, it is obvious that the sharpness of the peaks differs,
i.e. the full width at half maximum value (FWHM) is significantly smaller for the olefin block
copolymer OBC. According to the Scherrer equation, this value is inverse proportional to the
size of the crystal.[48] Therefore, an orthorhombic lattice is expected for ORC, OBC and their
blends, whereas the crystals formed by ORC are significantly thinner. Note that hexagonal
reflections were not observed, as reported elsewherel*>4] for a random EOC.

Summarizing the results of DSC as well as morphological and mechanical investigations, it
can be concluded that the ORC:OBC blends exhibit three distinct phases:

(i) Thicker crystals, originating from the long methylene sequences of the OBC chain seg-
ments with a very low octene content. These are packed in an orthorhombic lattice with

a lamellae thickness of 10 to 20 nm and a peak melting temperature of about T, ~120 °C.

¢ as estimated from at least 50 individual crystals.
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Figure 7: AFM tapping mode phase images of a) OBC, e) ORC and their blends (b—d). The scale bar
represents 500 nm. f) WAXS curves of the same samples, which are shifted for better visibility.
The observed peaks are attributed to the (110) and (200) reflections of orthorhombic PE.
Adapted from Ref.[*®], by permission of Elsevier.
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(ii) Thinner crystals, with a thickness of 2 to 4 nm (30 °C <T,, <80 °C) that can be attributed
to the crystallization of ORC chain segments. In the blends, the crystallization of these

crystals seems to be constraint by the already formed thicker crystals.

(iif) Homogeneous amorphous phase, which is indicated by (i) the hindered ORC crystallization,
as expected from the low melting enthalpies and (ii) a single dynamic glass transition

that was observed by dynamic-mechanical analysis (data not shown, c.f. [P3].)

The proposed deformation mechanism of this morphology can be imagined as follows. Firstly,
upon stretching, the thinner ORC crystals were plastically deformed, due to the finite chain ex-
tensibility of the short flexible ORC chain segments. This results in higher repulsive forces due
to entropy elasticity. This theory is also supported by in situ synchrotron SAXS investigations
by the group of Hsiao.#?! Although the composition of their olefin random and block copo-
lymers differs slightly from the materials investigated here, it is assumed that their findings
are generally transferable. In their study, the increasing FWHM of the (110) reflection during
stretching indicated decreasing crystal sizes. Hsaio and co-workers explained this by a frag-
mentation of the ORC crystals. This process was more pronounced for ORC at small strains
(€ <100%), as indicated by a relative increase of FWHM of ~30%, compared to less than 10%
in the case of OBC.[*?! Since this fragmentation process requires energy, this is accompanied
with an increase of stress in Figure 6a. In the case of OBC, the fragmentation process starts
at higher deformations, due to its longer, flexible chain segments. This directly results in a
shift of the strain hardening onset to higher elongations. Moreover, the longer flexible chain
segments obtain a higher chain extensibility, which is an explanation for the increasing strain
at break in OBC.

The results show that the mechanical behavior of ORC:OBC blends can be systematically
controlled by the composition, without changing the overall octene content of the system. Mo-
reover, this underlines the influence of the crystallinity and morphology on the macroscopic

properties of polymeric systems.



4 Controlling structure and morphology of semi-crystalline

copolymers by annealing

Parts of this chapter have been or will be published: [P5] O. Pabst,d S. Holzer,d E. Beckert, J. Perelaer,
U. S. Schubert, R. Eberhardt A. Tiinnermann, Org. Electron. 2014, 15(11), 3306-3315; [P6], S. Holzer,
T. N. Biittner, R. Schulze, M. M . L. Arras, E H. Schacher, K. D. Jandt, U. S. Schubert, Eur. Polym. ].,
in press. DOI:10.1016/j.eurpolym;j.2015.04.010; [P7] R. Schulze, M. M. L. Arras, C. Helbing, S. Holzer,
U. S. Schubert, T. F. Keller, K. D. Jandt, Macromolecules 2014, 47, 1705-1714.

The previous chapters dealt with the tuning of the mechanical behavior by (i) improving the
macromolecular architecture and (ii) blending of different polymers. It was discussed that the
morphology plays a crucial role in order to understand the relationship between structure
and the macroscopic property-profile. Other possibilities to the well-directed modification of
the morphology are the selected processing conditions of the material. Prominent examples

in this field are:

[50,51]

Changing of the block copolymer morphology, using different solvents.

Crystallization[>?! or orientation!>! induced by shearing, due to extrusion, injection mol-

ding or fiber spinning.

Crystallization effects due to different cooling rates.[8545%]

Annealing the semi-crystallinel®! or block copolymer morphologies.!>”%l

In the following two sections, studies related to the last mentioned point are introduced. An-
ealing treatments near the melting point have been carried out on (i) a piezoelectric poly(vinyl-
idene fluoride-co-trifluoroethylene) (P(VDF-co-TrFE)) and (ii) a semi-crystalline polybutadiene-
block-poly(ethylene oxide) (PB-b-PEO). Annealing changed in both cases the semi-crystalline
morphology. In case of the P(VDF-co-TrFE) this conincides with an improved electro-mechanical
behavior and, in the case of PB-b-PEO, the defect healing of the PEO crystals systematically
increased the long-period, which offers an elegant tool to tune its self-assembled block co-
polymer morphology, which might be interesting for, e.g. block copolymer-based photonic

crystals.[>/60]

d Q. Pabst and S. Holzer contributed equally to this manuscript.
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4.1 Improving the electro-mechanical behavior of inkjet-printed Poly(vinylidene

fluoride-co-trifluoroethylene)

Poly(vinylidene fluoride-co-trifluoroethylene) (PVDE-TrFE) belongs to the class of semi-crys-
talline, piezoelectric polymers that induce an electrical field due to a mechanical stress, or vice
versa.[°ll In contrast to their inorganic counterparts, they offer several advantages, such as low
processing temperatures or mechanical flexibility. Moreover, it is possible to process them with
solution-based techniques, like inkjet-printing.[2l However, the electro-mechanical properties,
expressed by the piezoelectric coefficient d3,¢ are relatively low, which currently limits the
application range of P(VDF-co-TrFE) as material for sensor and actuator applications.[®?!

In the presented study, an inkjet-printed P(VDF-co-TrFE) film should be used as an actua-

[64] In order to increase the pump rate, the

tor material in a micropump for microfluidic chips.
electro-mechanical behavior of P(VDF-co-TrFE) had to be improved. Fortunately, this material
system has been studied in great detail during the last decades, due to its fascinating proper-
ties as well as high commercial interest. A recently published articlel®®l reviews the advances
in this material system.

Four crystalline modifications are known for P(VDF-co-TrFE). The p-phase, where the
chains arrange in an all-trans configuration, obtains the best piezoelectric performance.!®!
Its stability depends strongly on the trifluoroethylene content within the polymer; an opti-
mum was found between 25 wt% and 30 wt% triﬂuoroethylene.[66] Moreover, it is known that
there is a strong influence of the thermal,[®”] mechanical,[®8] and electricall®®! history of the
polymer on its electro-mechanical performance. However, the studies are basically limited to
bulk material or thin films produced by spin coating or drop casting. There is little informa-
tion about the structure and morphology of inkjet-printed P(VDF-co-TrFE) films, which are
known to show different morphological features than the other, mentioned solution proces-
sing techniques!”’! and, hence, are supposed to obtain different electro-mechanical properties.
Therefore, the influence of annealing on the printed P(VDF-co-TrFE) films on the morphology
and the resulting device performance was investigated.

Commercial P(VDF-co-TrFE) was supplied by Solvay Specialty Polymers and has a VDF:TrFE
ratio of 70:30 wt.%. To use this material as an actuator, the ~9 ym thick, inkjet-printed poly-
mer film was sandwiched between two metal electrodes, which were printed from commercial
silver nanoparticle inks. The substrate was a PET sheet with an upper working temperature of
approximately 140 °C. The specimens for electro-mechanical deflection and ferroelecric hys-
teresis tests were prepared in a similar manner. A detailed description of the printing process
can be found in Ref.1®*]. After manufacturing, the films were annealed in a convection oven for
24 h at temperatures between 95 to 145 °C with heating and cooling rates of 0.8 °C/min. Mo-
reover, the influence of an additional plasma treatment was investigated, which was carried

out to improve the conductivity of the printed metal electrodes. The piezoelectric coefficient

¢ The piezoelectric tensor d; ; is a (3 x 6) tensor that is defined as the electric polarization generated in direction i
per unit mechanical stress in the area J. The most important coefficient, d3;, describes the electrical polarization
generated perpendicular to the direction of the mechanical stress.[01]
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Figure 8: Electro-mechanical properties after different post-printing treatments (M...annealing;
A...annealing and subsequent plasma treatment). a) Piezoelectric coefficient d3;. b) Rema-
nent polarization Prem. Adapted from Ref.l”!, by permission of Elsevier.

d3; was derived from static deflection tests, using a laser triangulation sensor, while driving
voltages of 400 V were applied.[®! The values of the remanent (Prem) and the maximum po-
larization (Pmax) were calculated from the deflection tests, where maximum voltages of 600 V
and a frequency of 0.05 Hz were applied. Further details are provided in [P5].

Structural and morphological investigations have been carried out at selected annealing
temperatures T, of 95, 135 and 145 °C, after printing the film on a metalized glass slide
(soda-lime glass, sputtered with Ti/Pt/Au). X-ray diffraction was performed on a Bruker
D5005 diffractometer using CuK, radiation (A =1.54 A). The morphology of the inkjet-printed
samples was studied by AFM in tapping mode, using tips with a radius < 10 nm. DSC was
carried out in a temperature range between —20 and 200 °C with heating and cooling rates of
10 °C/min. For these measurements, the film was carefully removed from the metalized glass
slide with a razor blade.

The dependence of the annealing temperature T, on the piezoelectric parameters d3; and
Prem are given in Figure 8. One can see that there is a step-wise increase of d3; by a factor
of 10 at T, = 110 °C. Moreover, increasing Prem and Pmax values were found at this T,. The
dependence of Prem is given in Figure 8b and for Ppay it is provided in the supplementary
content of [P5]. The slightly higher values of the samples with an additional plasma treatment
are expected to result from the heat, which is generated during plasma sintering.

In order to understand the reasons for the increasing piezoelectric properties, additional
calorimetric, structural and morphological investigations have been carried out to elaborate
the structure-property relationships of this system.

The first DSC heating runs of the as-printed and annealed P(VDF-co-TrFE) films are gi-
ven in Figure 9. The curves show two distinct endothermic peaks with maxima at ~ 105 and
~150 °C. The peak at 105 °C originates from the phase transition of the ferroelectric f-phase
into the paraelectric a-phase, also known as the Curie transformation temperature and the

endotherm at 150 °C corresponds to the melting point of the P(VDF-co-TrFE) crystals.l”?! The
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Figure 9: First DSC heating runs of the inkjet-printed P(VDF-co-TrFE) films after different thermal treat-

ments. The dashed line represents the peak melting temperature of the as-printed reference
sample and the tics point to the maxima of the first endothermic peak. The curves are shifted
for better visibility. Adapted from Ref.”!], by permission of Elsevier.

105 °C endotherm is relatively broad in the as-printed reference sample and sharpens after

an additional annealing at 95 °C, which is slightly below the observed peak phase transiti-

on temperature (Figure 9). This is interpreted as the transformation of chain segments in the

crystalline parts of the polymer from gauche defects in the all-trans configuration during anne-

aling at 95 °C, which is also reported elsewhere for solvent-cast films.[”l The results indicate a

similar behavior for inkjet printed films. Annealing at higher temperatures of 130 and 145 °C

lead to three observations::

(i)

(iii)

A much broader Curie transition peak is observed compared to the sample annealed at
95 °C. This is somewhat expected, since the applied annealing temperature lies outside
of the stability range of the B-phase.l%! Instead, the a-phase is stable, which is known to
obtain a gauche-trans chain configuration. Thus, the transformation of gauche-defects into

an all-trans configuration is not favorable.

The Curie transition temperature slightly shifted to higher temperatures (108 compared
to 104 °C in the as-printed reference). That behavior might result from the different cry-
stallization conditions of the samples. In the as-printed films, the crystallization of the
polymer is determined by the drying of the inkjet-printed film and, thus, depends on pa-
rameters like ink-formulation and printing temperatures. In contrast, the crystallization
and phase transition of the samples, which were annealed at 130 and 145 °C is determi-
ned by the cooling rate of the system that is applied after annealing. Since that parameter
was kept constant at 0.8 °C/min, the observed endothermic Curie transion peaks look
similar for, both, the 130 and the 145 °C sample.

The second endothermic peak at 150 °C shifted to higher temperatures upon annealing
at 130 or 145 °C. Peak melting temperatures of 148.3, 149.4 and 151.1 °C were observed
for the as-printed reference, the 130 and the 145 °C sample, respectively. Similar peak
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Figure 10: XRD curves of the inkjet-printed P(VDF-co-TrFE) films after different annealing temperatu-
res. Adapted from Ref.”!l, by permission of Elsevier.

melting temperatures of 151.8 °C=+0.2 °C were observed in the second DSC heating run,
after erasing the thermal history . Hence, it is assumed that the shift of the melting tem-
perature results from the thermal annealing and is not an error of measurement. Higher
melting temperatures point to the formation of larger crystals, commonly described as
Gibbs-Thomson effect.[**l Moreover, a morphological rearrangement during annealing
in the partly molten state might occur, which is also described for other semi-crystalline

systems. 5]

Figure 10 depicts the results from the XRD measurements. All samples exhibit a distinct Bragg
peak at 20 =19.9°, where 26 is the scattering angle. This corresponds to spacings of 0.45 nm.
The observed peak is attributed to the (110) and (200) reflections of the ferroelectric f-phase,
denoted as (110/200) 5.[73] A broad halo was observed for the 95 °C sample at 20 ~17.1°, which
is interpreted as scattering from the amorphous phase of the polymer. However, it should be
noted that this value is close to scattering angles reported for reflexes of the paraelectric a-
phase, (110/ ZOO)a,[73'74] which might point to different polymorphic forms of P(VDF-co-TrFE)
crystals after annealing at 95 °C.

At higher T, (130 and 145 °C), the intensity of the amorphous halo is significantly de-
creasing and the (110/200)g reflex becomes more pronounced. This indicates that the crystals
grow during annealing, which leads to the formation of B-crystals after cooling to room tempe-
rature. The small shoulder, which is observed at 130 °C, can be explained by the incorporation
of the co-monomer trifluoroethylene in the crystal, which causes slight changes in the lattice
parameters.[75] However, this shoulder was not observed after annealing at 145 °C, while the
peak area of the (110/200)g reflection further increases. The latter is a clear indication for a
higher crystallinity after the annealing at this temperature.!®!

AFM tapping mode images of the films are given in Figure 11 of the as-printed sample
(a) and the films after the annealing treatments (b—d). The as-printed sample obtains rod-like
structures with a thickness of (21.0 £ 6.9) nm, that are frequently reported for P(VDEF-co-
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Figure 11: AFM phase images for a) the as-printed reference sample and the films after thermal treat-
ment at b) 95 °C, c) 130 °C and d) 145 °C. The scale bar represents 100 nm for the images
a) to ¢) and 200 nm for d), which was taken after annealing at T, =145 °C. Adapted from
Ref.”!l, by permission of Elsevier.

TrFE).76771 After annealing at 95 °C, similar features were observed, with rod-like domains,
having comparable dimension ((21.2 + 6.9) nm).! Distinct changes are observed after anne-
aling at 130 and 145 °C, as shown in the Figures 11c and 11d, respectively. Both samples show
crystal thickening and the average domain size increases to 63 nm for the 130 °C sample
and 138 nm for the 145 °C sample. Moreover, the morphology changes from rod-like to a
more globular shape. Hence, it is expected that annealing at this temperature provides suf-
ficient thermal energy to generate far-reaching changes in the overall morphology. The fact
that the crystal thickening becomes more pronounced at 145 °C might originate from two
circumstances. Firstly, the higher T, increase the chain mobility of the polymer and, hence,
the defect healing within the crystals is expected to be accelerated. Secondly, the polymer is
partly molten at 145 °C (c.f. Figure 9), because smaller P(VDF-co-TrFE) crystals are instable at
this temperature. Thus, these either have to melt and crystallize upon cooling or the chains at-
tach to the larger P(VDF-co-TrFE) crystals that obtain a higher melting temperature; a process
that is denoted as thermal fractionation.[! Moreover, the presence of partly molten chain seg-
ments might further promote an accelerated defect healing, since the system is less constraint
and the chains are more flexible. Thermal fractionation and defect healing will be discussed
more detailed in Section 4.2.

The presented DSC, XRD and AFM data provide consistent information about the mor-
phological development of the inkjet-printed P(VDF-co-TrFE) films after annealing. Below the
Curie transition temperature (T, =95 °C), the gauche-defects were healed in the already pre-
sent B-crystals. The topology, however, was unaffected, since the typical rod-like domains are
similar to those of the as-printed reference. Annealing between the Curie transition and the
onset melting temperature changes the shape of the crystalline domains from rod-like to glo-
bular. Furthermore, the peak and the offset melting temperatures increase, which indicates
that thicker crystals are formed during annealing (Gibbs-Thomson effect). Unfortunately, only
qualitative statements can be given here, since the electrostatic nature of the samples causes
interactions with the DSC pan due to their high polarity. Thus, complete thermal contact bet-

ween sample and pan cannot be assured and, hence, the obtained melting enthalpies that are

f as estimated from at least 30 individual objects.
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Table 2: Electro-mechanical and morphological properties of P(VDF-co-TrFE), after annealing at diffe-
rent annealing temperatures T,.

T, ds1 Prem Domain size
[°C] [pm /V] [uC/cm?] Morphology [nm]

95 0.8 +0.04 0.1£0.01 rod-like 21+7
130 8.0+02 5.8+0.1 globular 63 +24
145 6.6 04 434+04 globular 138 + 62

necessary to calculate the crystallinity, might be flawed. The estimation from XRD is also dif-
ficult, since the amorphous and crystalline scattering contributions can hardly be separated,
which hinders the calculation of the absolute crystallinity.'*! Higher T, =145 °C lead to fur-
ther crystal thickening, as observed by DSC and larger domains (AFM). Moreover, the XRD
measurements point to an increased crystallinity.

The observed morphological changes coincide with significantly higher d3; and Prem, as
summarized in Table 2. The lower piezoelectric properties of the 145 °C sample compared
to the 130 °C sample are expected to result from deformations, due to the softening of the
PET substrate at temperatures above the upper working temperature of the PET (140 °C),
rather than from intrinsic changes within P(VDF-co-TrFE) structure and morphology. For the
application as micropump actuator, an annealing temperature of 130 °C was therefore selected,
which represents a good compromise between the improved electro-mechanical behavior and
the thermal stability of the substrate. A micropump was manufactured, using P(VDF-co-TrFE)
annealed at T, = 130 °C as actuator material. Thereby, pump rates of up to 130 yL/min
were realized, using isopropyl alcohol as test liquid. Further information on the manufactured
micropump are given in [P5] and its supplementary information as well as Ref.[781,

From an materials science point of view, the results show that the electro-mechanical pro-
perties of P(VDF-co-TrFE) can be effectively tuned by a post-printing annealing step above the
Curie transition temperature of approximately 110 °C. The importance of understanding the
influence of the crystalline structure and morphology of the system on these properties has
been emphasized. Further improvement of the system is expected by optimizing the annealing
duration. As known for other semi-crystalline polymers, the perfection of crystal rearrange-
ment depends strongly on this parameter, which will be discussed in detail within the next
section. Another important parameter is the cooling rate. Recently, Singh et al.”>! showed that
this parameter strongly affects the crystallinity and the morphology of spin-coated P(VDF-co-
TrFE) films. High cooling rates were found to increase the crystallinity (as observed by XRD)
and remanent polarization as well as to decrease coercivity. An open question is, however, if
this effect is only pronounced in thin films (~ 60 nm in Ref.”®!) or if this can be also applied

for more bulky films, as employed here for the micropump actuator.
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4.2 Controlling the Morphology of Semi-crystalline
Poly(butadiene)-block-poly(ethylene oxide) by crystal thickening

In Section 4.1, it was shown how the structure and morphology of a semi-crystalline copoly-
mer and, with that, its electro-mechanical behavior can be improved by annealing close to the
melting point. This annealing step increased the degree of crystallinity and the thickness of
the crystals.

The polymer, which will be discussed in this section, PB-b-PEO, belongs to the class of
amorphous-crystalline block copolymers and comprises of an amorphous polybutadiene (PB)
and a semi-crystalline poly(ethylene oxide) block (PEO). In contrast to the previously dis-
cussed P(VDEF-co-TrFE), PB-b-PEO is able to form a microphase-separated morphology, which
depends on the interaction parameter x between the blocks, the degree of polymerization
N as well as the volume fractions of PB and PEO. Moreover, the crystallization process of
the PEO block is another influencing parameter. The PB block imposes a soft confinement
on the PEO crystallization, since the PB phase is well-above the glass transition temperature
Tepp ~ —100 °Cl7l during the PEO crystallization (T pgo > —40 OC).[8O] As a consequence,
break-out crystallization is possible, i.e. the morphology that is present in the melt can be
transformed during the crystallization process.®!] Understanding the mutual relation of the
morphology and the crystallization in block copolymers is of great interest, because it provi-
des insights into the crystallization process under variable confinements.[81-84l

The crystallizable block offers the possibility to tune the microphase-separated morpho-
logy either by a defined isothermal crystallization!®>88] or an additional annealing proce-
dure.5®891 A tuneable block copolymer morphology is interesting for potential applications
as photonic crystals. Furthermore, due to its amphiphilic nature, the microphase-separated
morphology of PB-b-PEO is of interest for biomaterials and -analytics, since it can be used
to investigate the protein absorption on biomaterials, which represents a key factor for the
development of the next generation of implants and sensors.[>!

In order to control the morphological development, it is necessary to understand the
underlying mechanisms and kinetics. Whereas isothermal crystallization has been widely stu-
died in PB-b-PEO,[8-#8! only little information is known about morphological development
during an annealing treatment. Moreover, these studies are currently limited to thin films.[588%]
Hence, the mechanisms and kinetics of the morphological development of bulk PB-b-PEO, was
investigated by time and temperature dependent DSC, SAXS and WAXS.

The molar masses of the PB and the PEO blocks were M,, pg =5200 g/mol and M, ppo =
3960 g/mol, respectively. This corresponds to degrees of polymerization of Npg = 96 for the
PB block and the Npgo = 90 for the PEO block. In the following, the polymer will be named
as BosgEOqg. In order to create comparable sample conditions, BysEOgg was heated to 90 °C,
which is well-above the melting temperature and erases the thermal history of the sample.
After that, ByeEOgy was cooled down to 0 °C, with a cooling rate of 10 °C/min. This initial

state is referred to as crystalline standard (CS). For the DSC measurements, the investigated
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Figure 12: a) Crystal thickness distributions after different annealing durations ¢, at annealing tempe-
ratures T, =48 °C. b) Crystal thickness distributions after 24 h at different T,. Adapted from
[P6].

range of annealing temperatures T, was between 42 and 52 °C and the annealing durations ¢,
were between 10 min and 24 h. After annealing, BosEOgg was cooled to 0 °C to crystallize the
already molten PEO fractions. Subsequently, BosEOgy was heated to 90 °C to gain information
about the thermal properties after the annealing treatment. Heating and cooling rates were
10 °C/min for all measurements. In order to relate the observed melting temperatures to
the PEO crystal thickness values, a modified approach of Crist and Mirabellal®! was applied,
which bases on Gibbs-Thomson.[**! With that, the crystal thickness dependence was calculated

by:
2

g(lPEO,C) =K- PC(T) ! ( ;f,corr - T) (4)

In Equation 4, g is the distribution function of the PEO crystal thickness Ipgo and P(T) is the
measured heat flow of the DSC that can be ascribed to the melting of PEO crystals, as a func-

tion of the temperature T. TS, originates from TS of the Gibbs-Thomson equation,** but

m,corr
takes into account the low molar mass of the PEO block.[®!] The factor K normalizes <(Iproc)
so that the area under the function becomes unity. Details on the derivation of Equation 4 are
provided in the supplementary content of [P6].

The SAXS annealing experiments were performed at annealing temperatures T, between
42 and 54 °C for annealing durations ¢, of 1 min to 10000 min. The average long-periods I,

were calculated by:

lp - 5 (5)

Here, g is the maximum of the corresponding reflex in the SAXS patterns. The deviations
from [, were estimated from 90% of the intensity of g*. Further details on the utilized equip-
ment and methods as well as the temperature dependent WAXS investigations are provided
in [P6].
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In order to estimate the crystal thickness distributions from the DSC results, Equation 4 was
applied on the heating scans of each series. Exemplary crystal thickness distributions are
shown in the Figures 12 (a and b). For comparison, the distribution of the CS is also provi-
ded within these plots. Figure 12a shows the crystal thickness distribution at T, =48 °C after
different t,. Two distinct crystal thickness maxima can be observed for the annealed samp-
les: The lower thickness values (1 to 4 nm) correspond to crystals that are formed during the
DSC cooling scan and originates from the molten PEO crystals during annealing. The higher
crystal thickness values are attributed to crystal thickening, due to the annealing treatment.
With longer t,, the average crystal thickness of the thicker crystals increases and the thickness
as well as the respective fraction of the thinner crystals decreases. This points to a thermal
fractionation during annealing.l?! The crystal thickness distribution after annealing for 24 h
at different T, is given in Figure 12b. It is obvious that the thermal fractionation process beco-
mes more pronounced with increasing T,. At relatively low T, of 42 to 46 °C, the peak which
corresponds to the thinner crystals possesses area fractions of less than 10%. Therefore, it is
assumed that thermal fractionation is not dominating within this annealing temperature re-
gime. Instead, classical crystal thickening due to defect healing and transformation of the PEO
chains into less folded states inside the PEO crystals is assumed, which has been previously
discussed in hydrated PB-b-PEO by Reiter and co-workers.[®! At annealing temperatures bet-
ween 46 and 50 °C, the area fractions of the thinner crystals increased from 9% (46 °C) to 17%
(48 °C) and 33% (50 °C). Obviously, thermal fractionation was dominating in this annealing
regime. At T, =52 °C, only a single crystal thickness distribution peak, having a maximum
of 6.23 nm, was observed, which is close to the average crystal thickness of the CS (5.90 nm).
Thus, melting and self-nucleation effects®! are expected to prevail in this annealing regime.

The crystal thickness distributions based on the DSC heating scans offer a powerful tool
to investigate the mechanism of crystal thickening during annealing within the melting range.
It should, however, be mentioned that the basis of Equation 4 has some limitations. Possible
deviations from T, due to constraints on the PEO crystal that originate from the presence of
the PB block, could not be incorporated, because a suitable model, which describes the relation
between melting temperature and crystal thickness under these constraints, is not reported.
Thus, the variation that is carried out with T ., in Equation 4 corrects only the low molar
mass of the PEO block. Therefore, great care should to be taken if the absolute values of the
crystal thickness distribution shall be discussed.

In order to receive information about the absolute values of the morphological develop-
ment, time and temperature dependent SAXS investigations were carried out. The average
long-periods [, and its deviations according to 90% of the intensity of g* are provided in
Figure 13. The CS of BoysEOyy shows an average long-period of [, ~ 22 nm and is given at
t, = 0 min in Figure 13. Three distinct reflexes were observed in the CS at g%, 2¢* and 377,
which points to a lamellar morphology.”! The last data point of each curve corresponds to

the long-period after cooling to room temperature. The various T, were classified according to



Controlling the Morphology of PB-block-PEO 27

%]
~—

30

Long period [nm]

22

20 -

28

26 |

24 |

T T b) 30 A T C) 30
—=— 42°C —A— 46 °C
—o— 44°C 1 _ 281 —v—48°C __ 28]
—A— 46°C E —®—50°C g 2%
T 261 =1
g g
3 g
o 2 80 204 4
= 5] | 5]
b ' - 22 1 - 20 1 \ | ]
= Bovobhooy
—T— T T T T T 20—k T T T T 18 T T T T
0010° 10' 102 10° 10* 0.0 10° 10* 10> 10° 10* 0.010° 10" 102 10° 10*
Annealing duration ¢, [min] Annealing duration ¢, [min] Annealing duration ¢, [min]

Figure 13: Kinetics of the morphological evolution at different annealing temperatures T,. a) Regime

(i), steady long-period growth, due to defect healing. b) Regime (ii), approximately similar
growth rates, due to thermal fractionation. c) Regime (iii), melting and self-nucleation, which
coincides with break-out crystallization. Adapted from [P6].

the different annealing regimes that were deduced from the results of the DSC based crystal

thickness distributions:

(i)

(i)

Regime of defect healing (42 °C < T, <46 °C, Figure 13a): The long-period growth is
increasing with higher T,, being 25.2 nm for T, = 42 °C, 25.6 nm for T, = 44 °C and
26.6 nm for T, = 46 °C after 140 h. The deviations within this annealing temperature
regime are similar (£ 1.4 nm), which points to a steady domain growth and controlled

crystal thickening.

Regime of thermal fractionation (46 °C <T, <50 °C, Figure 13b): Approximately similar
spacings of I, ~27 nm were observed after £, =140 h in this annealing regime. However
the deviations are continuously increasing with higher T,, being + 1.4 nm, £ 2.0 nm
and £ 2.3 nm for 46 °C, 48 °C and 50 °C respectively. Apparently, the exclusion of the
PEO chains from the crystals points to an increase of the observable long-periods. On the
one hand, thicker crystals can be formed, due to this PEO chain exclusion, which leads
to a domain growth. On the other hand, the PEO chains, that are not included, form
smaller PEO domains. Thus, also smaller long-periods can be found within BgsEOq

after annealing in this regime.

Regime of melting and self-nucleation (T, >52 °C, Figure 13c): Annealing at T, >52 °C
showed a decrease of [, after the sample is completely heated through. Further, the reflex
ratios of g* changed from 1:2:3 to 1:2:v/7, which indicates a phase transition during
annealing at these temperatures. Since the volume fraction the PEO (35 vol.%) is close to
the phase boundary between a lamellar and a gyroid / perforated lamellar morphology,
it can be assumed that such a gyroid morphology or perforated lamellae exists within
the molten BogEQq.[! This leads to a break-out crystallization during cooling BgsEOgg
from this temperature regime, which also explains the increase of [, from 19 nm at T, to

24 nm (T, =52 °C) and 23 nm (T, =54 °C) after cooling to room temperature.
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Based on these observations, it can be concluded that the annealing regimes (i) and partially
(ii) are suitable to obtain controlled PEO crystal thickening and, thus, a defined morphologi-
cal development. In the presented case, breakout-crystallization after cooling from annealing
regime (iii) impedes such a defined morphology development.

It was observed that DSC based crystal thickness distributions as well as time and tem-
perature dependent SAXS investigations provide a suitable combination to study, both, the
mechanisms and kinetics of the morphological development. The crystal thickness distribu-
tions obtain qualitative information about the underlying crystal thickening mechanism, i.e.
defect healing and thermal fractionation. However, to study the kinetics of such a system,
which is important to predict the morphological development in a quantitative manner, time
and temperature dependent SAXS measurements are mandatory. Moreover, the SAXS inves-
tigations provide information about the self-assembled block copolymer morphology. This is
also important in order to understand the mechanisms of the morphological development.
Thus, it is obvious that only the combination of these techniques allows to understand and
predict the ordering processes of crystallizable block copolymers during crystal thickening by

annealing within the melting range.



5 Summary

The aim of the presented work was to elaborate the relationship between the macromolecular
architecture, the morphology and the macroscopic properties of polymers that exhibit more
than one phase and, thus, to contribute to the elucidation of structure-property relationships
of different polymer systems. Moreover, the obtained knowledge should be used to tailor
these polymers with respect to their typical applications. The investigated polymers range
from commodity plastics, like olefin ethylene-co-octene copolymers (EOCs), technical polymers,
like the styrene-butadiene block copolymers, up to functional polymers, like the piezoelectric
P(VDF-co-TrFE) or the semi-crystalline block copolymer PB-b-PEO. The presented results will
be summarized in the following; a graphical summary is provided in Figure 14.

The influence of the macromolecular architecture in styrene-butadiene and styrene-iso-
prene-based block copolymers on the morphology and the mechanical behavior was presen-
ted in Chapter 2. By variation of the S/B middle block ratio in S-S/B-S triblock copolymers,
different deformation mechanism were found, based on 2D-SAXS studies with online defor-
mation. Chevron formation and lamellae tilting was observed at a styrene content of 50 wt.%
in the S/B block, whereas at higher styrene contents (70 wt.%) affine deformation behavi-
or was found to describe the morphological evolution during deformation in a very good
manner. Chevron formation and lamellae tilting requires less energy to deform the sample
than the affine deformation. Thus, the deviating deformation mechanisms provide a possible
explanation for the very different mechanical behavior of the investigated S-S/B-S triblock co-
polymers. The results contribute to the understanding of the macromolecular architecture, the
deformation mechanism and the resulting mechanical behavior in styrene-diene based block
copolymers.

The effect of blending of different ethylene-octene copolymers (EOC) and its consequence
on the relationship between morphology and mechanical properties were discussed in Chap-
ter 3. By changing the blend composition, consisting of a blocky (OBC) and a statistical EOC
(ORC), the mechanical behavior of the thermoplastic elastomers could be systematically tai-
lored over a wide range. DSC, DMA, AFM and WAXS investigations gained insight into the
structure and morphology of these blends. It was found that these exhibit three phases, con-
sisting of (i) thick OBC crystals, (ii) thin ORC crystals and (iii) a matrix, where both polymers
are miscible. In other words, this results into a bimodal network of differently thick PE-like
crystals, which are connected by a homogenous matrix. This is known to positively affect
the mechanical properties of thermoplastic elastomers and, hence, increasing strain at break

was observed with higher OBC weight fractions without sacrificing the tensile strength of
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Figure 14: Graphical summary of the presented investigations. The colors violett and green refer to
the focus points macromolecular architecture and polymer processing in the respective study.
Significant improvements of the macroscopic behavior could be observed in the respective
polymer systems.

these blends. The results show that blending represents an effective strategy to control the
morphology and, thus, to optimize the mechanical properties of semi-crystalline polymers.

The impact of annealing semi-crystalline copolymers on the structure and morphology of
the crystallites as well as the resulting (i) electro-mechanical properties of P(VDF-co-TrFE) and
(ii) the development of the microphase-separated nanostructure of PB-b-PEO were discussed
in Chapter 4.

For inkjet-printed P(VDF-co-TrFE) is was shown that the electro-mechanical behavior can
be improved by an annealing treatment near the melting point. Thereby, annealing tempe-
ratures T, between 110 and 145 °C were found to be beneficial for the electro-mechancial
properties, like the piezoelectric coefficient d3;, which increases one order of magnitude due
to annealing. It was observed that the degree of crystallinity as well as the size of the crystals
increases, employing DSC, XRD and AFM investigations. The results point to an interrela-
tion between the electro-mechanical behavior and the morphological properties as a direct
consequence of the annealing treatment.

Moreover, annealing within the melting range of PB-b-PEO was applied to adjust the
long-period of the block copolymer morphology by controlled PEO crystal thickening. The
focus of the presented results was to investigate the underlying thickening mechanism and
kinetics in bulk by a combination of time and temperature dependent DSC and SAXS measu-

rements. It was found that the crystal thickening can be basically described by defect healing,



Summary 31

which is dominating at relatively low temperatures T, < 46 °C and thermal fractionation,
which prevails at intermediate annealing temperatures (46 °C < T, < 52 °C). Furthermore, a
crystallization under a soft confinement is present in the investigated PB-b-PEO, which lead
to a break-out crystallization during cooling if the annealing temperatures were too close or
above the peak melting temperature (T, > 52 °C). This impeded a controlled morphology de-
velopment at such high temperatures. The presented results contribute to the understanding
of crystallization under confinement and the applied methodology provides a powerful tool
to further investigate the mechanism and kinetics of crystal thickening as well as the morpho-
logical development in crystallizable block copolymers. However, to predict the long-period
prior to an annealing treatment, additional molecular as well as processing parameters have
to be varied over a wide range.

This thesis provides an overview of different methods to adjust macroscopic properties of
polymers on a molecular level (Chapters 2 and 3), by the blend composition (Chapter 3) as well
as fine-tuning of the processing parameters (Chapter 4). The obtained results underline the
impact of the morphology in polymeric multi-phase system on the achievable mechanical and
electro-mechanical properties. Within this work, various analysis techniques were employed.
Only by a combination of the applied techniques, essential information about the structure-

property relationship can be achieved.



6 Zusammenfassung

Zielstellung der vorliegenden Arbeit war es, Zusammenhinge zwischen der makromolekula-
ren Architektur, der Morphologie und den makroskopischen Eigenschaften von mehrphasi-
gen, polymer-basierten Materialien herauszuarbeiten und damit Beitrdge fiir das Verstdndnis
der Beziehungen zwischen Struktur und Eigenschaften zu leisten, um diese im Hinblick auf
eine mogliche, spatere Anwendung gezielt zu beeinflussen. Das Spektrum der hierbei verwen-
deten Materialien reichte von den weit verbreiteten Polyolefinen sowie Styrol-Butadien- und
Styrol-Isopren-basierten Polymeren, mit Einsatzbereichen in denen die mechanischen Eigen-
schaften von tibergeordneter Bedeutung sind, bis hin zu Spezial-Kunststoffen, wie dem semi-
kristallinen P(VDF-co-TrFE), welches Anwendung als Sensor- und Aktuator-Material findet
oder dem Blockcopolymer PB-b-PEO, welches aktuell vorwiegend von akademischem Interes-
se ist, aufgrund seiner amphiphilen und einstellbaren mikrophasenseparierten Nanostruktur
allerdings als Uberzug fiir Implantatmaterialien interessant sein kénnte. Es folgt eine Zusam-
menfassung der Ergebnisse; eine Kurziibersicht der Ergebnisse ist in Abbildung 15 zu finden.

Der Einfluss der makromolekularen Architektur in Styrol-Butadien und Styrol-Isopren-
basierten Blockcopolymeren auf die Morphologie und mechanischen Eigenschaften wurde
in Kapitel 2 vorgestellt. Hier wurden durch Variation der S/B Mittelblockverhaltnisse un-
terschiedliche Deformationsmechanismen in S-S/B-S Triblockcopolymeren, mittels Rontgen-
streuung unter gleichzeitiger Zugbelastung der Probe, festgestellt. Wahrend bei einem Styrol-
Gehalt von 50 Gew.% im Mittelblock noch eine klassische Chevron-Bildung in den mikro-
phasenseparierten Lamellen festgestellt werden konnte, war dies bei einem Styrol-Gehalt von
70 Gew.% nicht mehr zu beobachten. Stattdessen konnte der Deformationsmechanismus sehr
gut durch affines Materialverhalten beschrieben werden. Da diese verschiedenen Mechanis-
men unterschiedliche Energien bendtigen um aktiv zu werden, beschreiben die hier préasen-
tierten Ergebnisse eine wesentliche Ursache fiir die stark unterschiedlichen mechanischen Fi-
genschaften der untersuchten Proben und tragen daher zum Verstindnis des Zusammenhangs
zwischen makromolekularer Architektur, Deformationsmechanismus und den makroskopi-
schen, mechanischen Eigenschaften in diesem Materialsystem bei.

Der Effekt von Polymermischungen aus Ethylene-Octene-Copolymeren (EOC) wurde in
Kapitel 3 préasentiert. Wiederum stand hierbei der Zusammenhang zwischen Morphologie
und den mechanischen Eigenschaften im Fokus. Uber die Blend-Zusammensetzung, beste-
hend aus einem blockartigen (OBC) und einem statistischen EOC (ORC), konnten die mecha-
nischen Eigenschaften der thermoplastischen Elastomere systematisch variiert werden. Struk-
turell wurde dabei mittels DSC, DMA, AFM und WAXS-Untersuchungen festgestellt, dass die
Blends eine Dreiphasen-Morphologie aufzeigen, bestehend aus dicken OBC-Kristalliten, diin-
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Abbildung 15: Kurziibersicht der vorgestellten Ergebnisse. Die Farben violett und griin spiegeln die
jeweiligen Schwerpunkte Makromolekulare Architektur und Polymerverarbeitung in den
entsprechenden Untersuchung dar. In den untersuchten Polymersystemen konnten si-
gnifikante Eigenschaftsverbesserungen verzeichnet werden.

nen ORC-KTristalliten sowie einer amorphen Phase, in welcher die beiden Polymere mischbar
sind. Dadurch ergibt sich innerhalb der Blends ein bimodales Netzwerk aus orthorhombischen
PE-Kristalliten unterschiedlicher Dicke, welche verbunden sind tiber eine gemeinsame amor-
phe Matrix. Dies wirkte sich positiv auf die erreichten mechanischen Eigenschaften aus. So
konnte, trotz teilweise sinkender Kristallinitdten, eine Erhohung der Bruchdehnung erreicht
werden, ohne Einbufsen in der Zugfestigkeit des Materials zu erhalten. Die Ergebnisse zeigen,
dass Blenden eine effektive Strategie darstellt, um die Morphologie dieser semi-kristallinen
Polymere zu kontrollieren und deren mechanische Eigenschaften zu optimieren. Die Wirkung
einer gezielten Warmebehandlung nahe des Schmelzpunktes auf die Struktur und Morpholo-
gie der Kristallite sowie der Einfluss auf (i) die piezoelektrischen Eigenschaften von P(VDF-co-
TrFE) und (ii) die Entwicklung der mikrophasenseparierten Nanostruktur in PB-b-PEO wurde
in Kapitel 4 diskutiert.

Im Fall des tintenstrahlgedruckten P(VDF-co-TrFE) wurde gezeigt, dass dessen elektro-
mechanischen Eigenschaften gezielt, durch eine Warmebehandlung nahe dem Schmelzpunkt,
verbessert werden konnen. Als Warmebehandlungstemperatur eignen sich hierbei Tempera-
turen zwischen 110 und 145 °C, wodurch beispielsweise der piezoelektrische Koeffizient d3;
um den Faktor 10 erhoht werden konnte. Uber eine Kombination aus DSC, XRD und AFM-
Studien wurde zudem herausgefunden, dass sowohl Kristallinitdt als auch die Kristallitdi-

cke durch den Warmebehandlungsprozess ansteigen. Die Ergebnisse zwischen den elektro-
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mechanischen Tests sowie den strukturellen und morphologischen Betrachtungen, einen ein-
deutigen Zusammenhang zwischen der Struktur, der Morphologie und den piezoelektrischen
Eigenschaften des gedruckten Films, als direkte Konsequenz der durchgefithrten Warmebe-
handlung.

Weiterhin wurde, tiber die Warmebehandlung innerhalb des Schmelzbereiches von PEO,
die Kristallverdickung von PEO in einem PB-b-PEO Blockcopolymer genutzt, um eine geziel-
te Verbreiterung der Periodizitidt der mikrophasenseparierten Nanostruktur des Blockcopo-
lymers hervorzurufen. Schwerpunkt der hier prasentierten Ergebnisse waren die zugrund-
liegenden Verdickungsmechanismen und die Verdickungskinetik in thermisch vereinheitlich-
tem PB-b-PEQ, iiber eine Kombination aus zeit- und temperatur-abhéngiger DSC und SAXS.
Es stellte sich dabei heraus, dass sich die Verdickung weitestgehend durch zwei Prozesse
beschreiben ldsst: Wahrend bei relativ niedrigeren Temperaturen (T, < 46 °C) die Kristall-
verdickung hauptsdchlich iiber Defektheilung innerhalb der PEO-Kristallite stattfindet, tiber-
wiegt die thermische Fraktionierung bei mittleren Warmebehandlungstemperaturen (46 °C <
T, <50 °C). Bei hoheren Temperaturen konnte keine kontrollierte Kristallverdickung mehr er-
reicht werden. Die gewonnenen Ergebnisse tragen zum Verstdndnis der Kristallisation unter
Zwangsbedingungen bei und liefern methodisch eine interessante Moglichkeit, um die Me-
chanismen und die Kinetik der Kristallverdickung von kristallisierbaren Blockcopolymeren zu
untersuchen. Um Vorhersagen hinsichtlich einer einstellbaren Periodizitit zu gewihrleisten,
miissen jedoch noch weitere molekulare Parameter und Warmebehandlungsbedingungen in
groflerer Breite variiert werden, als dies im Rahmen dieser Arbeit moglich war.

Die Arbeit bietet einen Uberblick iiber verschiedene Methoden, um die makroskopischen
Eigenschaften von Kunststoffen iiber die molekulare Architektur (Kapitel 2 und 3), die Zusam-
mensetzung (Kapitel 3) sowie Prozessparameter (Kapitel 4) mafigeblich zu beeinflussen. Die
gewonnenen Erkenntnisse unterstreichen den Einfluss der Morphologie der betrachteten Mul-
tiphasensysteme auf die erzielbaren mechanischen und elektro-mechanischen Eigenschaften.
In diesem Zusammenhang kamen verschiedenste Charakterisierungstechniken zum Einsatz,
wobei oftmals nur durch eine Kombination der angewandten Techniken wesentliche Informa-

tionen tiber die Beziehung zwischen Struktur und Eigenschaften ermittelt werden konnte.
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o

a;
AFM

BosEO9

DSC

DMA

LLD-PE

scattering angle

inclination angle between adjacent domains in a chevron pattern
parameter describing the influence of lamellae tilting

atomic force microscopy

polybutadiene-block-poly(ethylene oxide), where the blocks consist of 96
and 90 monomer units, respectively

crystalline standard

K, radiation of copper

melting enthalpy of substance i
tensor of piezoelectric coefficients

piezoelectric coefficient that describes the electrical polarization generated
perpendicular to the direction of the applied mechanical stress

diene

differential scanning calorimetry

dynamic-mechanical analysis

strain

macroscopic strain in stretching direction, x

microscopic strain in stretching direction, x

microscopic strain perpendicular to the stretching direction, y
modulus of elasticity

poly(ethylene-co-octene) copolymer(s)

full width at half maximum value

crystal thickness distribution

Gewichtsprozent

normalizing constant for the crystal thickness distribution
wavelength

linear, low density polyethylene
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LN50 polystyrene-block-poly(styrene-co-butadiene)-block-poly(styrene) with
50 wt.% styrene in the middle block

LN70 polystyrene-block-poly(styrene-co-butadiene)-block-poly(styrene) with
70 wt.% styrene in the middle block

Ipeo,c crystal thickness of PEO

L long period

Ly long period in the it" state

Ipo initial long period

My i weight-average molar mass of substance i

M, number-average molar mass of substance i

N degree of polymerization

OBC olefin block copolymer

ORC olefin random copolymer

PB polybutadiene

PB-b-PEO polybutadiene-block-poly(ethylene oxide)

P, heat flow of the DSC which can be attributed to the melting of crystals

PCg1BM phenyl-C61-butyric acid methyl ester

PDI index of polydispersity

PE polyethylene

PEO poly(ethylene oxide)

PI polyisoprene

PS polystyrene

Prem remanent polarization

Prax maximum polarization

P(VDF-co-TrFE)
q

*

q

Rxx

Ref.

S/B

poly(vinylidene fluoride-co-trifluoroethylene)
scattering vector

scattering vector of the first reflex

olefin copolymer blend with a fraction of xx wt.% ORC
reference

stress

poly(styrene-co-butadiene)
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SAXS
S-D
S-D-S
S-S/B-S
T

ta

TOO

m,corr

Xeff
WAXS

wt. %

XRD

small angle X-ray scattering

polystyrene-block-polydiene
polystyrene-block-polydiene-block-polystyrene
polystyrene-block-poly(styrene-co-butadiene)-block-polystyrene
temperature

annealing duration

annealing temperature

crystallization temperature

transmission electron microscopy

glass transition temperature of substance i

melting temperature

equilibrium melting temperature

equilibrium melting temperature, corrected for low molar mass.
Flory interaction parameter

effective Flory interaction parameter

wide angle X-ray scattering

weight percentage

X-ray diffraction
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High-Strain-Induced Deformation Mechanisms in Block—Graft and
Multigraft Copolymers
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ABSTRACT: The molecular orientation behavior and structural
changes of morphology at high strains for multigraft and block—
graft copolymers based on polystyrene (PS) and polyisoprene
(PI) were investigated during uniaxial monotonic loading via
FT-IR and synchrotron SAXS. Results from FT-IR revealed specific
orientations of PS and PI segments depending on molecular
architecture and on the morphology, while structural investiga-
tions revealed a typical decrease in long-range order with
increasing strain. This decrease was interpreted as strain-induced
dissolution of the glassy blocks in the soft matrix, which is
assumed to affect an additional enthalpic contribution (strain-induced mixing of polymer chains) and stronger retracting forces
of the network chains during elongation. Our interpretation is supported by FT-IR measurements showing similar orientation of
rubbery and glassy segments up to high strains. It also points to highly deformable PS domains. By synchrotron SAXS, we observed
in the neo-Hookean region an approach of glassy domains, while at higher elongations the intensity of the primary reflection peak
was significantly decreasing. The latter clearly verifies the assumption that the glassy chains are pulled out from the domains and are
partly mixed in the PI matrix. Results obtained by applying models of rubber elasticity to stress—strain and hysteresis data revealed
similar correlations between the softening behavior and molecular and morphological parameters. Further, an influence of the
network modality was observed (random grafted branches). For sphere forming multigraft copolymers the domain functionality was
found to be less important to achieve improved mechanical properties but rather size and distribution of the domains.
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1. INTRODUCTION note that the modification of molecular architecture is not the
only means of adjusting the behavior of block copolymer
materials. Blending triblock copolymers with a certain amount
of diblocks is a common method of reducing the hardness and
increasing the strain at break. However, this method strongly
reduces the stress at break of these polymers. For triblock—
diblock and triblock—diblock—resin blends, investigations on
mechanical behavior combined with models of rubber elasticity
were carried out by Roos and Creton, showing that the amount of
diblocks controls the ratio between entanglements and cross-
links.® This finding was demonstrated by the observation that for

Understanding the correlations between new molecular archi-
tectures of thermoplastic elastomers and their mechanical prop-
erties is of significant importance in polymer science. During the
past decades the synthesis techniques of graft copolymer archi-
tectures have been successively improved where macromono-
mers of polystyrene and polyisoprene serve as building blocks
from which to create complex model architectures.'~* Multigraft
and block—graft copolymers are novel types of such macro-
molecules demonstrating the wide freedom to construct, modify,
and tailor such systems. Until now an understanding of how
modification of molecular architecture can be used to specifically

adjust a certain mechanical property profile has not been Received:  June 16, 2011
achieved. The superelastic nature of these polymers requires Revised:  October 20, 2011
further detailed and reasonable explanation. It is important to Published: November 10, 2011
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the triblocks blended with 60 wt % of a tackifying resin (small
molecule with high T,,) the residual strain was similar to that of the
pure triblock. For multigraft copolymers the increase of strain at
break can be controlled by the molecular architecture, while the
preservation of tensile strength is significantly better than tri-
block—diblock blends. Studies have been carried out considering
the cyclic deformation behavior. Additionally, models of rubber
elasticity have been applied to softening effects in multigraft
copolymers, taking into account filler particles.*” Furthermore,
the deformation-dependent molecular orientation of tri- and tetra-
functional multi§raft copolymers was studied by in situ FT-IR
measurements.”” The aim of the present paper is to investigate the
large-scale deformation behavior of block—graft and multigraft
copolymers and, by combining the findings from mechanical tests
and modeling with information obtained from in situ FT-IR and
synchrotron SAXS measurements, to deduce a reasonable explana-
tion for their superelasticity and efliciency of physical cross-linking.

2. EXPERIMENTAL SECTION

2.1. Materials. The molecular architectures of the investigated
polymers are shown in Figure 1. Tri- and tretrafunctional multigraft

¢) i)

i)

branch point

Figure 1. Molecular architecture of (a) trifunctional, (b) tetrafunctional
multigraft copolymers,'" and (c) block—graft copolymers: (i) BDG 1,
(i) BDG 4, (iii) BDG 6.

Figure 2. (a) Two-dimensional random walk showing a repeating unit
of a tetrafunctional multigraft copolymer. (b) Outer blocks of block—
graft copolymers (Figure 1c) drawn to scale.

copolymers (Figure lab) consist of a rubbery polyisoprene backbone
chain (dotted lines) with grafted PS branches, which are regularly spaced
along the backbone. For multigraft copolymers (MG) the nomenclature
MG-n-¢-f3 was introduced, where 7 is the functionality, ¢ is the volume
content of PS phase, and f is the number of PS-grafting points. To
illustrate the molecular architecture, Figure 2a shows a two-dimensional
random walk of a tetrafunctional branch point. Detailed molecular
simulations of multigraft copolymers were carried out by Sumpter.'®
Details regarding the anionic synthesis techniques of these graft- and
multigraft copolymers can be found elsewhere.>*"! Block—double-graft
copolymers (BDG) as shown in Figure 1c are in principle composed of
an SIS triblock backbone with PI and PS arms or SI diblocks grafted to
the middle or end blocks. In contrast to multigraft copolymers these
blocks are grafted randomly. Three types of block—grafts where
investigated: (a) PS—PI(I);o—PS termed BDG 1. (b) PS(S)s—
PI(I),0—PS(S)s termed BDG 4, and (c) PS—PI(SI),—PS termed BDG
6. Figure 2c shows the outer blocks of the BDG types drawn to scale.

The molecular weight of the graft copolymers was measured by size
exclusion chromatography with multiangle light scattering detection
(SEC-MALLS).>* Relevant molecular characteristics are summarized in
Table 1, where My, gpacer is the molecular weight between two adjacent
PS grafts, M., graf: is the molecular weight of the arms, and M, piock refers
to the outer blocks. The overall molecular weight of multigraft chain is
obtained by multiplying M,, of a repeating unit with the number of
branch points resulting in values between 400 and 980 kg/mol. As a
reverence material, the commercially available TPE Kraton D1161
was chosen, which is a SIS—SI triblock—diblock copolymer with about
15 wt % PS and similar to the MG 4 multigrafts. The amount of diblock
copolymer is 19 vol %.

2.2. Experimental Methods. Samples were prepared by solution
casting. The polymers were dissolved in toluene, and the solutions were
poured into glass forms, allowing the solvent to evaporate over 7 days.
To remove residual toluene, the polymer films were annealed at 70 °C
under vacuum for 3 days. For mechanical testing, dog-bone samples
according ISO 527-2 of type SB (overall length 20 mm, parallel length
6 mm) were stamped from the films. Mechanical characterization was
performed with a Zwick/Roell universal testing machine Z020 equipped
with a 500 N load cell. The samples were deformed at a constant strain
rate of 0.025 s~ cross-head displacement, resulting in a true strain rate
of 0.0204 £ 1.3 x 10 > s~ ". The strain was measured by an optical
method using an imaging system (GOM, Aramis). Images were taken at
a constant time interval, and the positions of the markers were
automatically detected based on the gray scale value profile
(Figure 3). The obtained optical true strain was further correlated to
the stress data at equal time intervals and plotted in 0 vs & diagrams to
apply the rubber elasticity models.

The morphology was characterized by synchrotron SAXS at DESY
Hamburg (BW4 at DORIS III storage ring). Scattering patterns were
obtained at a sample to detector distance of typically 6049 mm. The
wavelength of characteristic radiation was 0.138 nm. The samples were
mounted in a modified mechanical testing device (Kamrath and Weiss)
which was additionally used to measure strain-dependent scattering
patterns.'> The average domain distance d,, was calculated according to

Table 1. Molecular Data of Multigraft and Block—Graft Copolymers

D [VOI %] Mw,PI—spacer [kg/ mol]

My ps-grate [kg/mol]

My prgrast [kg/mol] M, ps-plock [kg/mol] M,, [kg/mol]

MG-3-17-8 17 86 32 p-117
MG-4-15-8 15 97 11 p-104
BDG 1 28 73 24 21.5 14§
BDG 4 28 68 2.7 33 7.7 143
BDG 6 30 163 (backbone) 12 (PI—PS grafts) 21.5 287

41 ( average)

9375 dx.doi.org/10.1021/ma201353w |[Macromolecules 2011, 44, 9374-9383
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undeformed deformed

T T
Figure 3. Undeformed and deformed elastomer samples with optical

markers and corresponding gray profile (y: distance at t = 0's; I: marker
distance during deformation).

the relation d,, = 27t/q* where g* is the position of the primary
reflection peak.

FT-IR measurements were carried out in the group of Prof.
H. W. Siesler at University Essen using a Bruker IFS88FT-IR spectrometer
with a spectral resolution of 4 cm™ . The samples were stretched with an
electromechanical film stretching device mounted in the sample com-
partment of the spectrometer. About 30—40 um thick films were
deformed at a constant rate of 3.2 mm/min. The polarization direction
of the IR radiation was adjusted by a pneumatically rotatable wire-grid
polarizer (SPECAC) to obtain the spectra parallel and perpendicular to
the stretching direction by a rapid 90° rotation.’

2.3. Applied Models. Stress—strain data were analyzed by apply-
ing the slip-tube model of Rubinstein and Panuykov."> The stress
response is described by eq 1, where G sr and G, gr are the chemical
and the physical cross-link modulus and 4 is the elongation ratio I/l

G
load — l _ _) ( A e, ST ) 1
( PR ST 0747 1 0614 5 —034 O

In contrast to more complex models including strain hardening
effects, the parameters of the slip tube model are easy to obtain by
plotting the reduced stress o = 0™*%/(A — 172) vs the expression
(0.741 + 0.61A7%° — 0.34) ", By this procedure, eq 1 reduces to an
equation of the type y(x) = a + bx, where a and b are the two moduli. In
contrast, in the case of the nonaffine tube model taking into account
finite chain extensibility, a nonlinear least-squares algorithm with several
iteration cycles is required to fit the data. However, the advantage of the
latter model is that it covers all experimental data and therefore offers a
better accuracy in the obtained model parameters. This model yields
additionally a parameter representing the portion of elastically active
entanglements (1), which is defined by n,/T., where T, is the Langley
trapping factor. This parameter can be understood as the probability that
a certain entanglement becomes a permanently trapped one and 7, as
the number of statistical chain segments between two successively
trapped entanglements.'* T, was assumed as unity for all investigated
polymers. However, based on sol extraction measurements, the value
can be calculated for chemical cross-linked networks.'> The stress
response during uniaxial loading is obtained by deriving the strain
energy function of the model with respect to the elongation 4, resulting
in eq 2.

1 1
1—= -
n

1
ol = Gc(/l—— L

lz) 1 2 ! e, 2
(1_;<iz+1_3>> 1—;(/1 +Z_3>

+2G, ( 7 /112) )

Load cycles of hysteresis curves were evaluated using this extended
nonaffine tube model of rubber elasticity with finite chain extensibility
according to eq 2.'%"” The parameters G, and G, of the slip tube are
comparable with nonaffine tube if the model fit is performed below the
inflection point of the stress—strain curve. Finite chain extensibility
results the up turn of the stress—strain curve at high strains. This was

Table 2. Morphology and Average Domain Distance d,,

material morphology d,, [nm]
MG-3-17-3.7 spherical 40
MG-4-15-5.1 spherical 25
MG-4-15-8.5 spherical 23
BDG 1 cylindrical 37
BDG 4 cylindrical 39
BDG 6 lamellae (weakly ordered) 29

especially observed for predeformed samples where in contrast to
undeformed samples the inflection point is shifted to lower values.

Further, the hysteresis unload curve was characterized by applying an
energy-based softening model in eq 3, where W(1) and W, are the
strain energy functions of the nonaffine tube model during deformation
and at maximum elongation, respectively, b is a softening parameter, and
05 is the stress response of the initial load curve.'®

O.unload load —b \/m) (3)

3. RESULTS AND DISCUSSION

3.1. Molecular Deformation Behavior and Morphological
Aspects. Morphology and average domain distance d,, of the
undeformed polymers are shown in Table 2. The tri- and
tetrafunctional multigrafts form spherical PS domains. It is
known from other block copolymer morphology work that these
domains can be arranged in a face-centered cubic (fcc), body-
centered cublc (bcc), and hexagonal close-packed (hcp) lattice
structure.'””® In the presents studies no long-range order was
observed for sphere forming multigrafts. The average domain
distance d,, is clearly decreasing with increasing functionality and
slightly decreasing with the number of branch points. Multigraft
copolymer morphology can be predicted by combined use of the
Milner phase diagram and the constitutive block copolymer
concept, which is in fair agreement with the observed
morphologies.”' >

For the block—graft copolymers BDG 1 and BDG 4, d,, was
observed to be governed by M, picpacer and further by the
number and lengths of the PI arms grafted to the middle block.
The former aspect is reasonable because the end-to-end distance
r is increasing by higher M,,. Further the same effect is obtained
by increasing M, of the grafted side chains, which can be
expected to expand the polymer coil of the backbone. BDG 6
exhibited a weakly ordered lamellar morphology, as supported
both by a peak at 2¢* in the scattering diagram and by a slight
yield point during tensile testing; however, TEM micrographs
could not clearly verify this order.

To correlate molecular data with the results of microstructural
investigations, the number of PS arms necessary to form one
domain (functionality of domains) should be obtained, which is
of importance to discuss the efficiency of physical cross-linking.
As a first approximation the average PS domain size should be
calculated from the known value of the PS content and the
average domain distance. The assumption of densely filled phases
(PS and PI) is strictly not true; however, results are in fair
agreement with experimental data as shown later. The volume of
the spherical PS domains can be estimated by eq 4, where d,, ps is
the diameter of the PS sphere, d,, p;_ps is the average PI—PS
domain distance, and @pg is the volume fraction of PS. Assuming

9376 dx.doi.org/10.1021/ma201353w |[Macromolecules 2011, 44, 9374-9383
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Figure 4. TEM micrograph of the morphology of MG-3-17-3.7.

a bee order, d,, ps spn can be obtained with the relation given in
eq 5. The number of PS monomers per sphere is obtained by
eq 6, where V., is the segmental volume of styrene
(0.176 nm*).>* This value is slightly different form that calculated
bY the relation VPS,seg = w,PS-mon/(pNAv)) with Mw,PS-mon the
molecular weight of PS monomer, p the density of PS, and Ny,
the Avogadro number, which equals 0.19 nm’. Finally, the
number of PS grafts forming one domain is obtained by eq 7,
where Nps .., is the degree of polymerization of one graft.

1
VPS, sph - g ndav, PSS (4)
1
2Vsph 5 ﬂdav, PS, sph3
Vbee = q)PS = = 3
~Vlattice dav, PI-PS
/3
dav,PS,sph = dav,PI—PS \ ; (I)PS (5)
NPS, sph - VPS, sph/VPS, seg (6)
NP, grafts — NPS,sph/NPS,arm (7)

Thus, with MG-3-17 showing a d,, p;_ps of ~40 nm and MG-
4-15 of about 25 nm, we can calculate the average values for d,,pssph
of 24 and 14.5 nm, respectively. For the trifunctional multi-
graft this is in accordance with TEM micrographs shown in
Figure 4, where the average diameter of the PS domains is in
between 23 and 27 nm. Further, the functionalities of the PS
spheres (number of branch points connected to the domains)
according eq 7 are 128 and 40 for tri- and tetrafunctional MGs,
respectively.

On the basis of computer simulations, Sumpter has shown that
the PS arms of tetrafunctional branch points form pseudo-
spherical domains with several intradomain interactions of the
PS grafts.'"' These small domains were further suggested to
interact (interdomain interactions) with other domains forming
larger clusters.

Now these findings should be correlated to the orientation of
PI and PS monomers during deformation by results from FTIR,
which can be used to obtain information on the efficiency of
physical cross-linking in dependence of the number of grafting
points. The orientation functions of both PS and PI monomers

are plotted in Figure S vs the applied strain. In Figure S, fis the
orientation function perpendicular to the stretching direction
(SD) calculated by the relation f = —2(R — 1)/(R + 2). R
represents the dichroic ratio given by R = Ay /A, with Ay and A
being the absorbencies of the selected IR band parallel and
perpendicular to SD, respectively. The method of data analysis
can be found in our former publications.*’

The orientation function was observed to show an increasing
trend with higher strain for tetrafunctional multigraft copolymers
and also for trifunctional MGs (not shown). This increase
indicates that the domains are deformable up to high external
strains. Afp;ps represents the difference in the orientation
functions of PI and PS. Between 1300 and 1400% strain, this
value was found to be about 0.05 for a trifunctional architecture
with 2.6 branch points (larger domains as compared to MG-4-15),
while it was ~0.01 for the MG-4-15-5.1 (Figure 5a). The
difference appears reasonable when comparing the average
diameter of the PS spheres. These finding suggest lower inter-
facial area and a larger amount of unoriented PS monomers in the
cores of the domains for the MG-3-17 type. The ratio of
orientable to unorientable PS monomers can be assumed to be
higher for the tetrafunctional MG, which is reflected in the
reduced value of Afp;ps. For the tetrafunctional MG with lower
number of branch points (Figure Sb) larger differences between
the orientation functions were observed, although the average
domain distances (23—25 nm) are similar to MG-4-15-5.1.** In
the case of MG-4-15-3.3 (Figure Sb) Afprps first becomes
obvious at about 600%, where fpg reaches a plateau. However,
such a plateau was not observed for the MG-3-17 material.® This
effect may be attributed to the physical cross-linking density
expressed by the number of I, S, repeating units (3). Obviously,
multigrafts with high 5 and small domains can keep the cohesion
of the domains at high strains because the internal stress is
distributed to a larger number of grafting points and therefore
spherical domains. This assumption is reasonable because for
spherical morphologies it was shown that domain—domain
bridging is the most probable configuration of the PI spacer.***
For the appearance of the plateau, two explanations may be
given: (a) PS grafts are pulled out of the domains if a critical stress
is achieved, and they return to its original coiled configuration;
(b) a fracture of PS domains without further orientation of the
monomers.

Because of the confinement by neighboring PI chains which
prevent a return of the PS grafts to their coiled shape, point (a)
appears to be unreasonable. Therefore, is must be concluded that
the continuous orientation of PS covers both effects chain pull
out and orientation of PS monomers in the interface. The partial
or complete pullout of PS grafts we term stress-induced mixing of
polymer chains. The fact that in case of the MG-3-17 material no
plateau was observed (obviously no fracture of the domains) may
be attributed to the larger M,, of the grafts, which on the one
hand results in a stronger PS—PS interaction; on the other hand,
this distributes the stress to a reduced number of domains. The
decrease of T, by reduction of graft M,, is less important because
this would only reduce the glass transition temperature of PS to
about 360 K.>° Additionally, less attention must be paid to the
entanglement M,, of PS***” because testing temperature is far
below the T ps.

3.2. Deformation Characteristics. The tensile and hysteresis
behavior of multigraft and block—graft copolymers are now
discussed. The mechanical data were analyzed by the slip tube
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Figure 6. Chemical cross-link modulus obtained from the slip tube
model for tri- and tetrafunctional multigraft copolymers with 15—17 vol %
PS (tetrafunctional 1 and 2 are multigrafts of type MG-4-1S originating
from different batches).

and the nonaffine tube model. Investigations on the fractured
morphology of block—graft copolymers are also presented.

3.2.1. Tensile Behavior of Sphere Forming Multigraft Co-
polymers. The deformation behavior of multigrafts with spherical
morphology was characterized through medium elongations
below the inflection point of the stress—strain curve by applying
the slip tube model to the tensile data, and the chemical G gt and
physical G.gr cross-link modulus were obtained. G gt is plotted
vs the molecular weight of the PI backbone and the number of
branch points 3 in Figure 6. In contrast to the G, which was
found to increase slightly with ﬂ,zs Gsr is independent of the
overall molecular weight. This observation is reasonable because
the investigated multigrafts are regularly spaced. The slight
increase of G.gr above 4 branch points (tetrafunctional 1)
may be attributed to the improved distribution of the PS domains
in the matrix. G, is nearly branch point independent for tetra-
functional multigrafts. Such constancy may be understood
because this value is obtained at medium elongations below
500% where the stress acting on each branch point is low (see
section 3.1).

The in situ deformation characteristics were studied by
synchrotron SAXS. Figure 7 shows the in situ deformation
scattering pattern of the tetrafunctional multigraft copoly-
mer MG-4-15-8.5 and Kraton D1161. Because the average
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Figure 7. Scattering pattern of the sphere forming tetrafunction-
al multigraft copolymer and Kraton D1161, stretching direction
horizontally.

domain distance decreases with increasing ring radius of the
primary reflection peak, D1161 shows a lower value for d,,
(29 nm) in comparison to MG-4-15-8.5 (22.4 nm). The
patterns become elliptical by increasing the deformation.
d,, increases in the stretching direction while it decreases
perpendicular to it.

For Kraton D1161 a secondary and ternary reflection peak can
be observed. The ratio between the position of the secondary and
primary peak reflection is at about 1.73¢* at medium to high
elongations. This value was also observed for the tetrafunctional
multigraft copolymer, while the intensity of the secondary
reflection peak is obviously less. The formation of an ordered
structure may be caused by finite extensibility of the PI chains.
Short chains can be assumed to reach their finite extensibility
earlier than long chains, and the stress is forcing the spherical
domains into an ordered structure. This tendency is more
pronounced for the D1161 in comparison to MG-4-15 architec-
ture. From literature three types of densely packed structures are
known (fcc, bee, hep).”® The scattering positions at 1.74q* is
correlating to the (110) reflection in the hcp structure. Further,
for the stretched Kraton D1161 a peak at about 2.5g* appears,
which may correspond to the (203) diffraction plane of hcp
(Figure 8). Other peaks cannot be found. It can be assumed that
by stretching these polymers the domains are forced into a hcp
lattice structure. These domains are at about 11.7 nm in diameter
for MG-4-15-8.5, while for D1161 d.ypssph is 16.5 nm. The fact
that nearly no secondary reflection peak is observed illustrates

dx.doi.org/10.1021/ma201353w [Macromolecules 2011, 44, 9374-9383
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that these domains are highly deformable and that their shape is
more maintained in the case of Kraton D1161 (larger domains).

Comparing the undeformed state of the tetrafunctional multi-
graft copolymer in Figure 7, it becomes obvious that (a) the peak
width appears broader and (b) the intensity of the primary
reflection peak is less in comparison to Kraton D1161. From this
observation it can be concluded that the matrix of the latter
contains more effective scattering centers and that the MG-4
copolymer reveals a broader domain size distribution. In
Figure 9a, the peak intensity of the primary reflection peak is
related to the unstretched state and plotted vs the applied
elongation. The peak intensity was obtained by subtracting the
intensity at the right bottom of the peak from the intensity at g*.
The scattering intensity of both materials was found to differ
clearly. I+ is about 2—3 times higher for Kraton D1161 in
comparison to MG-4. It shows a maximum at about 140% and
decreases to round 2 at about 233% strain.

9379

In Figure 8, up to about 50% strain an increase of I+, can be
observed, which correlates to the formation of a strain-induced
domain ordering. The domains are initially well separated in the
undeformed state, and the increase of domain order let assume
that the domains approach each other. The inflection point of
both curves corresponds to the end of the neo-Hookean region
(Figure 9b). For Kraton D1161 the transition to the linear
stress—strain region is observed at higher strains in comparison
to the MG-4 type (Figure 9b), and the inflection point is shifted
in the same direction. Further, elongation results in a reduction of
the normalized peak intensity.

This reduction indicates to a decrease of scattering centers in
the matrix while the domain order is still increasing. This can be
clearly observed by the presents of secondary and primary
reflection peaks in Figures 7 and 8. During elongation the
embedded PS domains (coiled PS branches) are dissolved in
the PI matrix (elongated) by deformation, which was also found

dx.doi.org/10.1021/ma201353w |Macromolecules 2011, 44, 9374-9383
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Figure 10. Hysteresis data (squares) and model curves according eqs 2 and 3 (red lines) for tri- and tetrafunctional multigraft copolymers.

Table 3. Model Parameters of the Nonaffine Tube Model
with Finite Chain Extensibility and the Softening Model

nonaffine tube model

G.[kPa] G.[kPa] n softening model b (N m) ">

MG-3-17-3.7 26 48 114 0.177
MG-4-15-5.3cf 84 86 171 0.086
MG-4-15-8.5 90 80 197 0.083
BDG 4 48 95 113 0.13

BDG 1 68 125 109 0.094
BDG 6 296 447 74 0.078

by FT-IR. We assume that this behavior corresponds to a strain
induced mixing of the copolymer chains. The polymer chains are
assumed to slide along each other, yielding a reduction of the T,
which may promote further sliding.

3.2.2. Cyclic Deformation of Sphere Forming Multigraft
Copolymers. Mechanical characterization at high strains was
done by performing hysteresis tests of pre-deformed samples
and applying the nonaffine tube model to the stress—strain data.
The samples were stretched in a first cycle to 900% to pre-deform
the morphology and in the second cycle to 700% only to avoid
further stress softening. The rubber elasticity model was applied
to the second hysteresis cycle because in this cycle softening
effects originating from the virgin morphology are less. Hyster-
esis data and corresponding model curves are shown in Figure 10.
The experimental error of the strain measurement method is
about 0.5 px, which corresponds here to ~50 um. However, this
error is less significant because of the high strains. In further work
theoretical accuracy of the strain measurement procedure was
improved to typically 0.0045 px. A detailed discussion of this
development will be part of a future publication. To determine
analytical errors, three hysteresis tests of Kraton D1161 samples
were performed. The data were evaluated by the nonaffine tube
and the softening model. We obtained model parameters and
errors for the second cycle at 700% as follows: G. = 0.136
(+4.2%) MPa; G, = 0218 (£1%) MPa, n = 240 (£9.5%), and
b =0.0303 (£15%) (N m) "% Because of the limited amount
of multigraft and block—graft copolymers, each molecular archi-
tecture of these polymers was characterized using only one
sample.

In Figure 10, it can be observed that the model curve
approaches the point of zero deformation while the experimental

data do not. An explanation may be given by the fact that
viscoelastic material effects are neglected in the softening
model."® However, the advantage of this combined model is that
it offers a minimum set of parameters which are easily correlated
to the material behavior. A closing of the hysteresis curve can be
observed if the samples shape enables a tensile and compressive
deformation (dumbbells). The presently used dog-bone-shaped
samples were exclusively deformed in tensile mode (positive
forces).

Pronounced low stress values can be observed for the trifunc-
tional multigraft copolymer with an average domain distance of
about 40 nm. The tetrafunctional types with 8.5 and 5.3 (cf =
coarsely fractionated) are showing a steeper slope in the middle
part, which corresponds to an increase in G.. All model param-
eters are summarized in Table 3. The increase of G. directly
correlates with a reduction of the softening parameter. The
decrease of b indicates that the unload cycle approaches the load
cycle. This correlates with an increase of the PS-domain dis-
tribution. By comparing G. and b for the MG-3 and MG-4 type, it
can be concluded that high deformable PS domains are more
important to achieve improved mechanical properties than a high
functionality of these domains. The model parameter n directly
correlates to the molecular weight of the PI spacer. The lower n
value of MG-3-17 in comparison to MG-4-15 is in agreement
with the molecular weight of the PI backbone chain, which are 86
and 97 kg/mol, respectively. However, it can be observed that the
magnitude of the change in n is less reasonable. This parameter
almost doubles but M, py_spacer increases by about 13% only. By
comparing G, of the nonaffine tube and the slip tube model,
slightly improved values can be observed for the latter model
since in case of slip tube the PS domains were considered as filler
particles using the Einstein/Guth relation as a prefactor:

Gest = Gogr(1 + 2.5@ps + 14.10p?) (8)

However, multiplying the G, value of the nonaffine tube with
the term in parentheses of eq 8 leads to slightly higher values as
obtained by the slip tube model (Figure 6). This difference may
be attributed to softening effects from the first to the second
cycle. G, was observed to decrease by about 17—22% between
these two cycles. These softening effects can be attributed to two
mechanisms: the breakdown of aggregated clusters of spherical
domains and also to domain chain pullout (resolving of “physi-
cal” cross-links) and fracture of domains. Because of the
breakdown of filler cluster aggregates, the estimated modulus
G st is expected to be lower for virgin undeformed samples in
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Figure 12. Scattering pattern of block—double-graft and commercially
available triblock copolymers: top, undeformed; bottom, after deforma-
tion and relaxation (previous stretching direction vertically).

comparison to the modulus G, from the nonaffine tube model in
the second cycle. This assumption is verified when considering
G, st for MG-3-17-3.7 and MG-4-15-8.5 divided by the Einstein/
Guth prefactor.

3.2.3. Cyclic Deformation of Block—Graft Copolymers. Hys-
teresis and model curves for block—graft copolymers are shown
in Figure 11. At similar hysteresis strain the stress response is
different for the investigated materials. It is increasing with
decreasing d,;. In comparison to BDG 1 and 4, a reduced
maximum true hysteresis strain can be observed for BDG 6,
but the maximum hysteresis stress is exceeding that of BDG 1
and 4 by about a factor of 3.5. The parameters of the nonaffine
tube model and the softening model are summarized in Table 3.
On the basis of the information from molecular architecture, it
can be expected that G, is decreasing with increasing molecular
weight of PS backbone, which is not verified by the comparison
between BDG 4 and BDG 1 (Tables 1 and 3). In contrast, BDG 6
reveals an improved G, which indicates that not the molecular
weight of the PS backbone is important but rather the average
M,, p1 between neighboring PS blocks, which is about 41 kg/mol.
Additionally, significant differences in the mechanical behavior
of block—grafts were observed when comparing the model
parameters between first and second hysteresis cycle, where
G, reduces by about 72 and 80% for BDG 1 and 4 and by about

30% for BDG 6 only. Aspects contributing to the increase of G,
from BDG 1 to BDG 6 are (i) the reduced d,, resulting in a well-
dispersed filler structure, (ii) the long PS outer blocks providing
an effective connection to the PS domains, and (iii) the small
M, prspacer Which increases the chemical cross-link modulus.
Contributing further to improved G values is the fact that in case
of BDG 6 the PS blocks are grafted randomly to the PI backbone,
resulting in a multimodal PI network, which is in contrast to MG-
3 and MG-4 where PS blocks are in equal distance. Mark has
shown that for end-linked PDMS networks strain at break and
tensile strength increases by combining small and long network
chains.?® The expectation that strain at break is reduced by small
chains (weakest link theory) was not observed because the
deformation is highly nonaffine. However, detailed investigations
are available only for bimodal networks due to the large
molecular combinations for three and more chain lengths. In
the case of BDG 4 the PS outer blocks can be considered as
branched, and about 10 kg/mol is an estimated value for the
average block length. For BDG 1 the M, of the outer block
length is 23.5 kg/mol and for BDG 6 two values 12 kg/mol for
the diblock and 21.5 for the triblock have to be taken into
account. Under these considerations BDG 6 fulfills the three
aspects mentioned before to achieve small well-distributed
domains and effective physical cross-linking. The number of
statistical segments #n as a model parameter most reasonably
explains the correlation to M, pr.spacer- I the case of BDG 6, this
value is the lowest among the block—double grafts. The differ-
ences between BDG 1 and 4 should be statistically verified by
further investigations.

3.2.4. Microstructure of Undeformed and Deformed BDG
Types. Deformation characteristics of fractured morphologies of
the block—graft types were studies by synchrotron SAXS.
Scattering patterns are shown in Figure 12. The patterns reveal
at least one primary peak and in the cases of BDG 4 and 1 a
secondary reflection peak. The position corresponds to a mor-
phology composed of hexagonally packed cylinders with reflec-
tion peaks at 312 ¢* and 7"? ¢*. In the case of BDG 6 a slight
secondary peak was found at 2%, indicating a lamellar morphol-
ogy with weak long-range order.

Further, samples of the investigated polymer films were
deformed to 800% cross-head displacement and subsequently
unloaded to zero force. The samples were removed from the
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Table 4. Average Domain Distance of Deformed Samples
after about 2 weeks of Relaxation

BDG 1 BDG 4 BDG 6 D1102 Dl1161

dayres) [nm] 41.6 4.7 36.3 27.8 30.1
Y 1.09 11 123 11 1.01

clamps, relaxed for about 14 days at room temperature, and again
investigated by SAXS. The obtained scattering patterns are
shown at the bottom of Figure 12. The elliptical shape of the
pattern becomes more pronounced from BDG 4 to BDG 1 to
BDG 6. The secondary peak at (3¢)"/** was still observed for the
two BDG 4 and BDG 1 architectures. The position of the primary
reflection peak is decreasing in the direction in which the sample
was originally elongated, and it is increasing perpendicular to it,
which corresponds to the average domain distance. d,, increases
in the stretching direction, and it decreases perpendicular to it.
d,y was obtained for undeformed and deformed/relaxed samples
parallel to the previous stretching direction. These values are
summarized in Table 4. Additionally, the triblock copolymer
Kraton D1102 (SBS type, 28 wt % PS, 17 wt % diblock) with a
cylindrical morphology was investigated for comparison. The
residual deformation A,.)i was calculated based on the average
domain distance of the undeformed samples.

When considering the values of 4., for the copolymers with
cylindrical morphology BDG 1, BDG 4, and Kraton D1102, we
can observe similar values. For the disordered morphology of
BDG 6 with a weak lamellar long-range order, a clearly higher
value of A, can be found. In contrast, for Kraton D1161
(spherical PS domains) A, is almost identical to the unde-
formed samples. It is assumed that these parameters are specific
for the type of morphology.

Furthermore, when calculating the residual elongation per-
pendicular to the stretching direction, it was found that the
incompressibility condition was not fulfilled. The highest devia-
tion was observed for BDG 6 (+16.5%) while BDG 4 (+14.1%)
and D1102 (+15.7%) are similar but slightly below BDG 6. BDG
1 and D1161 were found to show a deviation from incompres-
sibility of +5.3 and +7.2%. It was originally assumed that rigid
domain fragments of formally continuous morphologies (BDG 6)
are acting as steric hindrances in the back cycle, which do not
allow the polymer matrix to return to its original constitution
resulting in cavities on nanoscale. However, this assumption
could not be verified because the expected additional scattering
was not observed. We rather suspect that the polymer matrix
keeps a strain induced orientation, which can be interpreted as
partial mixing of the polymer chains.

To verify this assumption, the invariant Q was calculated
using eq 9 where I(q,,q,) represents the scattering intensity
and I,(q.,q,) the scattering intensity of the background. g, and
gy are g components perpendicular and parallel to the stretch-
ing direction. The patterns were first harmonized. In a next
step every intensity value was multiplied by its distance to the
meridian, and finally integration between 90° and 180° was
carried out. By a second integration over all available data
points of the so-received Iq” vs q plot the invariant Q was
obtained. This value corresponds to the phase ratio v and the
density contrast p; — p, in eq 10.

Q= ,/000 /000(1(%“ qy) - Ib(qx’ ‘b))%c d‘b dg. (9)

Q = (p1 = p)v(1—v) (10)

For BDG 1 Q was observed to reduce from about 0.0366 to
0.0216 and for BDG 4 from 0.0301 to 0.0181, which is a
decrease of about 40—41%. Because the phase ratio ¥ in eq 10
can be considered as constant, the reduction of Q is originat-
ing from a change in density contrast and therefore points to a
strain induced mixing of the block copolymer phases.*

In contrast to homopolymers, this mixing results in an
additional enthalpic contribution and in a retracting force
because the mixed phases tend to phase separate again. By
this mechanism the T, of the hard phase can be expected to
decrease, which supports further sliding of the different
polymer chain types. The strain induced mixing of both PI
and PS blocks would explain at least two aspects: (i) the
reduction of the peak intensity and constant scattering at
small g values and (ii) the reduced contrast in TEM as
observed in our other publications.” A final conclusion if
the deviation from incompressibility condition reflects a
strain-induced volume increase on molecular scale or not
requires further studies. Thereby, strain calorimetry and
positron annihilation lifetime spectroscopy could serve as
useful techniques.>"*

4. CONCLUSIONS

This work has focused on the molecular and morphological
processes taking place during uniaxial monotonic loading of
multigraft and block —graft copolymers based on polystyrene and
polyisoprene. For sphere forming multigrafts the nearly identical
orientation of PS and PI up to high strains and the simultaneous
decrease of scattering intensity reveal elongation and partial
chain pull out of glassy blocks, which we interpreted as strain-
induced mixing of polymer chains. We assumed further that this
affects an additional enthalpic contribution (the mixed polymer
chains tend to phase separate again) which increases the restor-
ing forces of the chains. Similar results were observed for
block—graft copolymers with cylindrical and disordered lamella-
like morphologies after high strains and long time relaxation,
where a residual orientation of either elongated chains or domain
fragments was found. At low strain in the neo-Hookean region, a
simple approach of spherical domains without a decrease in long-
range order was observed. We identified four essential features to
improve the mechanical behavior of these thermoplastic elasto-
mers: (i) the distribution of the applied stress to several branches
along the PI backbone chain, (i) an appropriate high M,, of the
PI spacer to enable high extension rations, (iii) an appropriate
contour length of the grafts to achieve small domains to which
the grafts are effectively connected to, and (iv) a random grafting
of the arms resulting in a multimodal network. In contrast, it was
found that domain functionality (number of grafts connected to
the domain) is less important to achieve improved mechanical
properties. However, it is essential that these domains are highly
deformable. Taking these molecular and morphological aspects
into account, we can state further that while an increase of
number of branch points mainly results in reduced hysteresis
softening and increasing physical cross-link modulus, a random
grafting additionally contributes to the chemical cross-link
modulus.
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The deformation behaviour of two lamellar polystyrene-block-poly(styrene-co-butadiene)-
block-polystyrene (S-S/B-S) triblock copolymers was investigated by small-angle X-ray
scattering (2D-SAXS) during uniaxial stretching. The samples differed by the styrene con-
tent in the statistical S/B middle block, being 50 and 70 wt.% for LN50 and LN70 respec-
tively. The positions of the SAXS reflections were estimated in order to relate the
microscopic deformation behaviour with the macroscopic strain. The samples show differ-
ent deformation mechanisms. A four-point SAXS pattern was found in LN50, which is typ-
ical for lamellae undulation and tilting. At higher strains, the contribution of lamellae
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Styrene tilting is decreasing until it is negligible at strains above 200%. During strain hardening,
Butadiene the deformation was affine, indicating triaxial deformation of the domains. In contrast,
SAXS LN70 shows affine deformation in the whole investigated range. Thus, triaxial deformation

Online-deformation is expected to dominate in LN70. The remarkable differences of the deformation mecha-
nisms are expected to result from the different styrene contents in the S/B middle block.
This leads to (i) a lower stiffness contrasts between the soft and hard phase and (ii) a
reduced long-range order of the lamellae. Both factors may hinder lamellae tilting in
LN70, which results in the absence of the four-point SAXS-pattern.

© 2012 Elsevier Ltd. All rights reserved.

1. Introduction

Polystyrene-block-polybutadiene-block-polystyrene
(SBS) triblock copolymers are known to microphase sepa-
rate into soft and hard domains, such as spherical, cylindri-
cal, gyroid or lamellar morphologies. Controlling the
molecular architecture and the morphology of SBS block
copolymers offers the possibility to tailor the mechanical
property profile, which could reach from that of thermo-
plastic elastomers to that of tough thermoplastics [1,2].
This requires a detailed understanding of the interrelation
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between the macromolecular architecture, the microphase
separated morphology, the thermal and mechanical his-
tory and the resulting mechanical behaviour.

A novel pathway to tailor the mechanical behaviour of
styrene-butadiene based block copolymers is to substitute
the polybutadiene block by a statistical poly(styrene-
co-butadiene) copolymer block (S/B) [3,4]. Hence the
segregation strength, the morphology and the mechanical
behaviour can be controlled by a well-directed adjusting
of the S/B-ratio and the segregation strength y.gN [5-7].
Thereby, y.xN is a product of the overall degree of polymer-
isation N and the effective interaction parameter y.¢, which
represents the interactions between the statistical copoly-
mer block (S/B-phase) and the styrene block (PS-phase).

In the present contribution, the influence of the S/B-mid-
dle block ratio on the deformation mechanism of lamellar
S-S/B-S triblock copolymers having high styrene contents
in the S/B-middle block will be investigated by small-angle
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X-ray scattering during online deformation. This method is
ideal to study the morphology development over a large
area during stretching of block copolymers. SAXS studies
on isotropic [8,9] and highly oriented [2,10] lamellar SBS
block copolymers showed that the deformation mechanism
strongly depends on the lamellae alignment. Lamellae that
are initially parallel oriented to the stretching direction
show a continuous fragmentation [10] or yielding [3] of
the glassy PS-domains. In contrast, the deformation mecha-
nism of perpendicular oriented lamellae is dominated by
undulation, folding and tilting, which results in a chevron-
like arrangement of the lamellae. The chevron structure is
indicated by a characteristic four-point pattern in 2D-
SAXS-investigations [10,11]. Upon further deformation,
these undulated lamellae tilt towards the stretching direc-
tion. Thereby, the inclination angle between the undulated
lamellae (o) increases with higher macroscopic strains &y .
The microstrain from lamellae tilting (1/cos o) and the mac-
rostrain &y, are related by [10]

1/cosa=a-(1+ éux) (1)

The parameter a describes the impact of the initial inclina-
tion angle o. If tilting is the only deformation mechanism
(affine tilting), then a = 1/cos(op) [10]. Affine tilting clearly
differs from affine deformation, where the macroscopic
deformation of the sample is similar to the microscopic
deformation of the domains in every direction (&= &)
Here, ¢, is the microscopic strain, which is calculated from
the shift of the first reflex g* and the subscript “i” is an
arbitrary direction (x, y, z). In other words, affine deforma-
tion represents triaxial deformation of the domains, where
the elongations measured on different length scales (micro
and macro) are the same. A first indication of an affine
deformation process is the transformation of the initially
circular rings into ellipses in the 2D-SAXS-patterns upon
stretching [12].

The aim of this work is to analyse the deformation
mechanisms of lamellar S-S/B-S triblock copolymers in
order to better understand their outstanding mechanical
behaviour, which combines high stiffness, strength and
toughness. The deformation mechanism of these high sty-
rene containing block copolymers is relatively unknown.
Differences to classical SBS-triblock copolymers are ex-
pected, due to the decreased stiffness contrast between
the hard PS and the soft S/B phase via incorporation of sty-
rene segments in the statistical copolymer S/B-middle
block. This assumption is affirmed by a theoretical study
of Castafieda and co-workers [13]. They predict a change
in the deformation mode from a high-energy triaxial
deformation mode to a lower-energy rotation and shear-
along-the-layers mode (lamellae tilting) for lamellar
microstructures depending on the stiffness contrast be-
tween the soft and hard phase.

2. Experimental
2.1. Materials

The materials used in this study are symmetric polysty-
rene-block-poly(styrene-co-butadiene)-block-polystyrene

triblock copolymers (S-S/B-S), which were synthesised in
the lab of the BASF SE [14]. The triblock copolymers consist
of two PS-outer blocks, each having a weight fraction of
20wt.% (20-60-20 architecture). The middle block is
based on a statistical styrene-butadiene copolymer (S/B),
which contains different amounts of styrene; 50 wt.% for
LN50 and 70 wt.% for LN70. The index of polydispersity is
less than 1.3. Molecular characteristics of the triblock
copolymers are discussed elsewhere [4,7] and summarized
in Table 1.

Due to the higher styrene-content in the S/B middle
block in LN70, the glass transition temperature of the soft
T,.sp is higher and the effective Flory-Huggins parameter
Xete 1S lower compared to LN50 [7]. The temperature
dependence of y.gi for LN50 is given in Ref. [15] and was
calculated for LN70 according to the procedure of Leibler
et al. [16]. Similar segregation strengths y.sN were
achieved by increasing the degree of polymerization N of
LN70. This leads to a significantly higher overall molecular
weight (M,, =288 kg/mol) and a higher long-period
dp=43+35nm of LN70 (LN50: M, =110kg/mol,
do=32+1nm). The long periods were calculated from
the SAXS pattern of undeformed samples and the devia-
tions of were estimated by FWHM method after subtrac-
tion of a linear baseline.

The materials were cast from 2 wt.%-solutions with tol-
uene, which is a non-preferable solvent for styrene and
butadiene. The solution cast films have a thickness of
approximately 0.5 mm and were annealed under vacuum
at 120 °C for 48 h.

2.2. Methods

2.2.1. Transmission electron microscopy (TEM)

Transmission electron microscopy studies were carried
out on ultrathin sections (<100 nm) using a JEOL JEM-3010
(100-300 kV). Sections were cut with a diamond knife on a
ultramicrotome at —100°C and stained with osmium
tetroxide vapour (0sO,) for 24 h. OsO,4 reacts with the dou-
ble bond of butadiene and enhances the contrast in TEM
between the different the phases. The S/B domains appear
dark and the styrene domains appear white in the TEM
images.

2.2.2. Mechanical behaviour

Tensile tests were performed on a Zwick/Roell Z010
universal testing machine on waisted specimen, having a
similar geometry as those used for the online SAXS mea-
surements. The tests were carried out at room temperature
and a crosshead speed of 50 mm/min. The strain was mea-
sured optically by image correlation.

2.2.3. Small-angle X-ray scattering (SAXS) during online
deformation

SAXS measurements were carried out at the synchro-
tron beamline BW4 at HASYLAB (DESY, Hamburg) with a
wavelength 4=0.138 nm, an exposure time of 120s and
a sample-to-detector distance of 4024 mm. Online defor-
mation was realised with a home-made stretching appara-
tus. In order to ensure that the beam exposes the actually
deformed volume, we used waisted tensile bars, having a
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Table 1
Composition and molecular characteristics of the studied block copolymers.
S/B-middle block composition M, (kg/mol) AefeN (120 °C) Ty_sofc (°C) do (nm)
LN50 50 wt.% styrene 110 30 -25 32+1.0
LN70 70 wt.% styrene 288 28 -7 43+35

width of initially 3 mm in the waist. The specimens were
patterned with black dots next to the area, which is
exposed to the beam. A setup as in Ref. [17] was used, so
that the macroscopical strain could be estimated from dig-
ital images. During the beam exposition, the stretching
machine was stopped.

Image processing was carried out with ImageJ [18], a
Java-based open source image processing software. The
raw SAXS data were corrected from background scattering
and aligned, so that (i) the centre of the image equals the
centre of the pattern and (ii) the stretching direction lies
on the meridian. The beamstop has been erased and the
four quadrants of the pattern were averaged. The pixel
dimensions were converted into g-space (q=4m/A-sin6,
with the scattering angle 0 [12]). In order to relate the
macroscopic strain with the microscopic deformation, dif-
ferent methods of digital image processing were applied.

(i) The inclination angle o of undulated lamellae was
determined by firstly applying a threshold on the
image, so that the intensity maxima of the four-
point pattern could be clearly assigned. From these
maxima and the centre of the pattern, we deter-
mined the inclination angle .

(ii) The microstrain ¢, was estimated with aid of the
“Radial Profile Extended PlugIn” from Philippe Carl.
Sections parallel and perpendicular the stretching
direction were integrated with an angular range of
+10. From these sections, the long periods were cal-
culated from the first reflex g* according to Bragg’s
law (d = 27t/q"). With the estimated long periods of
the unstretched (do) and the stretched (d;) samples,
we determined the microstrain &, =(d; — do)/do.
However, at large deformations, ¢, cannot be esti-
mated directly because q* shifts towards very small
angles and the beamstop hides the meridional
reflexes. Hence, reasonable extrapolation methods
are necessary to determine the meridional reflex.
We used the elliptical overall shape of the SAXS pat-
tern to interpolate the reflections by fitting ellipses
at high strains. The long period g* in stretching
direction was then calculated from length of the
minor semi-axis Imin (q* = lnin/2).

3. Results and discussion
3.1. Morphology in the initial state

The SAXS and TEM-results of the initial morphologies of
the triblock copolymers LN50 and LN70 are shown in Fig. 1.
The 2D-SAXS images in the initial state exhibits circular
rings for both samples. Azimuthal integration of the 2D-
SAXS patterns reveals three significant reflexes for LN50

(g%, 2q*, 3q*) and two for LN70 (g*, 2q*), which indicates a
random distribution of grains with lamellar structure.
The SAXS-results are confirmed by the TEM-micrographs,
showing grains with lamellar morphologies. The morphol-
ogies are in accordance with the theoretical phase diagram
of symmetric triblock copolymers [19]. The long range
order of LN70 is reduced, as shown by the smaller grain
sizes in TEM-images and only two reflexes in the scattering
curve of LN70. The higher styrene-content in the middle
block of LN70 reduces the enthalpic force for microphase
separation [4,20] and decreases the scattering power of
LN70, due to the lower electron density difference between
the phases.

The average long periods from SAXS are 32 1 nm for
LN50 and 43 + 3.5 nm for LN70. The higher deviations of
LN70 are expected to result from the reduced long-range
order and a higher miscibility at the interface, due to the
higher styrene-content in the middle block.

3.2. Tensile response

Engineering stress-strain curves of LN50 and LN70
under uniaxial tensile deformation are shown in Fig. 2.
Both curves exhibit a pronounced yield point, cold drawing
(slope~0) and strain hardening at large deformations
(slope ~ const). Between these regimes, there is a transition
zone, where the slope of the curve is continuously increas-
ing. Compared to LN50, the curve of LN70 is shifted to
much higher stresses (more than a factor of 2). The modu-
lus of elasticity and the yield stress increase significantly
with higher styrene-contents in the middle block, as
shown in the inset of Fig. 2. The strain at break is decreas-
ing from ~400% to ~250% with increasing styrene-content
and the tensile strength remains almost the same for LN50
and LN70.

The stiffening of the soft phase, due to the higher sty-
rene-content in the S/B-block is expected to enhance the
ability of the material to carry a higher stress during defor-
mation. Additionally, the S/B ratio in the middle block and
the thereof resulting morphology may also directly influ-
ence the deformation mechanism of the triblock copoly-
mer. The effect of the higher styrene content in the S/B
middle block and the consequence of the morphological
characteristics on the deformation behaviour were there-
fore investigated by SAXS during stretching.

3.3. Morphology development under tensile deformation

3.3.1. LN50 - 50 wt.% styrene in the S/B middle block

Based on the stress—strain diagram in Fig. 2, we divided
the deformation process of LN50 into four regimes. The re-
gime below the yield point (g < 10%) is the low deforma-
tion regime and above the yield point, the material is the
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Fig. 1. Morphological investigations of LN50 and LN70 in the initial state. TEM micrographs of (a) LN50 and (b) LN70. (c) SAXS curves of LN50 and LN70,
showing reflexes at integer ratios of g*. The SAXS curves are vertically shifted. TEM and SAXS indicate lamellar morphologies with different degrees of long-

range order.
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Fig. 2. Stress-strain behaviour of the investigated samples LN50 and
LN70. The inset displays a magnification at low strains. With higher
styrene-content in the middle block, the yield stress and E-modulus are
increasing and the strain at break is decreasing.

cold drawing regime. Here, no additional stress is necessary
to elongate the sample (10% < gy x < 80%), which is charac-
terised by plateau in the stress—strain diagram. After cold
drawing, the stress increases until the material breaks.
We divided this last part of the curve in a transition zone
(100% < eyx<180%) and a strain hardening regime
(émx > 180%). The slope of the curve is continuously
increasing in the transition zone and whereas it is approx-
imately constant during strain hardening.

The 2D-SAXS patterns of LN50 for different strains &y«
are shown in Fig. 3. The initially circular rings (Fig. 3a)
transform into elliptical reflexes (Fig. 3b) in the low-
deformation regime (&, = 5%). The minor axis of the ellipse
is thereby parallel and the major axis perpendicular to the
stretching direction. This indicates that the average domain
spacing in stretching direction is increasing, whereas it is
decreasing perpendicular to the stretching direction. The
microscopical strain in Fig. 3b and the macroscopical strain
were similar. Thus, we observed a triaxial deformation of
the material at low strains, which is in accordance with

the literature [13]. Upon further deformation, the PS-lamel-
lae start to break and hence the soft phase can deform more
easily. The break down is discussed as a fragmentation [10]
or yielding mechanism [3], which is indicated by a drop of
the stress in the stress-strain-diagram in Fig. 2 at gy, = 10%
(yield point). Fig. 3c depicts the 2D-SAXS pattern of the
stretched LN50 above the yield point. A dramatic decrease
of the intensity is found along the meridian and the devel-
opment of a four-point pattern, which is characteristic for
undulated and tilted lamellae, (“chevrons”) [3,10,11].
Thereby, perpendicular oriented lamellae, which normals
are initially oriented in stretching direction, undulate to a
specific inclination angle o. Thus, scatter entities, formerly
located on the meridian, shifted towards the azimuthal
angle o ~44%, which leads to the four-point pattern. A
scheme of the undulated lamellae or chevron structure
and the corresponding 2D-SAXS pattern is shown in
Fig. 4. The chevron formation has been studied in the group
of Thomas on roll-casted and thus initially highly oriented
lamellar SBS block copolymer samples [10,11]. They dem-
onstrated that the deformation mechanism strongly de-
pends on the Ilamellae orientation relative to the
stretching direction [10]. Further, it was shown that per-
pendicular oriented lamellae deform at lower stress values
compared to those, which are aligned in stretching direc-
tion. The deformation of parallel aligned lamellae necessi-
tates a much higher stress due to the absence of chevron
formation and lamellae tilting. Our results confirm this
behaviour for initially isotropic samples. The intensity on
the meridian is strongly decreasing at ¢y, x = 30% that points
to the disappearance of perpendicular oriented lamellae.
Thus, most of the initially perpendicular oriented lamellae
are tilted, whereas the parallel aligned lamellae still persist,
as indicated by the high intensity reflections along the
equator. This implies that the contribution to the deforma-
tion process at low strains of perpendicular aligned lamel-
lae is significantly higher than the contribution of those
aligned parallel to the stretching direction. A weak meridi-
onal reflex is found very close to the beam stop, which cor-
responds to long periods of d ~ 100 nm. This is far beyond
the value for affine deformation, which should be around
d ~ 42 nm at macrostrains of 30%. Such meridional reflexes
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(b) 5%
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(c) 30%

(f) 180%
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Fig. 3. 2D-SAXS patterns of LN50 at different deformation stages (&y;x = 0%, 5%, 30%, 60%, 110%, 180%, 230%, 270% and 350%). The scale bar represents g, with
a width of 0.1 nm™". The intensities are displayed in linear scale and are represented by the calibration bar from 0 to 2.5 (in arbitrary units). Scale and
calibration bar count for all SAXS pattern in this Figure. The stretching direction SD is vertical, as marked by an arrow. The initial ring transforms upon
deformation into a four-point pattern, which is characteristic for the formation of chevrons. In the strain hardening regime, broad meridional reflexes and

small equatorial streaks are observable.

were reported in chevron morphologies and they were
attributed to the hinge points of the undulated lamellae
[10]. However, it may also be possible that the S/B soft
phase of several perpendicular oriented lamellae are de-
formed without tilting and thus lead to high microstrains
in stretching direction.

After lamellae undulation, the deformation is known to
be controlled by a further tilting of the rigid PS-lamellae
accompanied by a significant shearing of the soft phase

[8]. Thereby, the average long period of the undulated
lamellae remains almost constant and the evolution of
the microstrain is predominantly controlled by lamellae
tilting [10]. Thus, the inclination angle « is increasing dur-
ing cold drawing and in the transition zone (Fig. 3d-f).
Further, it is found that the intensity of the four-point
pattern is continuously decreasing with increasing strain.
Other features of the 2D-SAXS pattern at high deforma-
tions (Fig. 3e-i) are streaks parallel to the equator, which
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Fig. 4. Inclination angle o of LN50 at &y x=60% with a schema of the
corresponding angle in the chevron morphology.

shift to smaller g* with increasing strain. The streaks are
suggested to be strong shoulders from a meridional reflex
and they are interpreted as scattering from PS-fragments
in the soft matrix. Different fragment orientations are rep-
resented in the 2D-SAXS pattern at different azimutal
angles, resulting in an overall elliptical shape. In the strain
hardening regime (Fig. 3g-i), the four-point reflexes are
vanishing, which may be attributed to a further yielding
and fragmentation of the folded PS-lamellae. The inclina-
tion angle « for the remaining weak reflection is constant
at ~57°. However, at strains above 210%, the four-point
maxima cannot be distinguished from the underlying
streaks anymore.

The presence of the four-point pattern indicates that
LN50 exhibits lamellae undulation and tilting. However,
lamella tilting is not necessarily the dominating deforma-
tion mechanism. Whether the lamella tilting is affine,
was to be proven by the procedure of Thomas et al
(Eq. (1) in this text) [10]. The average inclination angle
o of the chevron structure was determined from the
maxima in the four-point pattern. At its first appearance
(emx ~ 30%), the inclination angle is o ~ 44°. The angle o
is subsequently increasing with further deformation, being
o~ 52°at gy~ 100% and o =~ 57° at gy, =~ 200%. In Eq. (1),
the inclination angle of the lamellae in the unstretched
state oy is represented by the parameter a = 1/coscp. Under
the assumption of randomly distributed lamellae with
orientations between 0° and 90°, the initial angle oq was
replaced by an averaged initial angle (ap) = 45 . This rough
simplification leads to a = /2 for affine tilting and hence
Eq. (1) turns into

1/cos(ot) = V2(1 + emx), for (o) = 45 (2)

In order to get more information on the dominating
deformation mechanism in the different deformation re-
gimes, 1/cos(a) was plotted versus the macrostrain in
Fig. 5. Thereby, 1/cos(a) can be interpreted as microstrain,
which only accounts on the contribution of lamellae tilting
[10]. At strains below the yield point (&< 10%), no
four-point pattern was found and thus no inclination angle
could be determined. Here, the deformation mechanism is
dominated by the stretching of the domains. At &y, ~ 30%
the first data point 1/cos(o;) was found at ~1.4. This value
is continuously increasing with the macrostrain. As a first
approximation, the dependence of microstrain from lamel-
lae tilting ;.4 as function of the macrostrain &y, can be

cold drawing transition zone strain hardening
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Fig. 5. Influence of lamellae tilting on the deformation of LN50. The
inclination angle of the undulated lamellae from the four-point SAXS
pattern (o) is plotted versus the macroscopic strain in order to determine
the contribution of lamellae tilting. The curve has been divided into three
regimes, according to the stress strain diagram - cold drawing, transition
zone and strain hardening.

easily estimated by subtracting 1/cos(o ) from the ordinate
value at the relative macrostrain in Fig. 5. Anyway, during
our discussion, we focus on the slopes of the curves a,
which could also be interpreted by the quotient & tii/en -
During cold drawing (10% < &y < 80%), the highest influ-
ence of lamellae tilting on the deformation process can
be observed, which is decreasing at macrostrains higher
than 80% (transition zone). The inclination angle o does
not change during strain hardening (&yx < 180%) and the
slope a in Fig. 5 is approximately zero in that deformation
range.

It is found that even during cold drawing, a is far away
from /2, which was expected for affine tilting. Although
there are significant contributions of lamellae tilting; this
model is improper to describe the overall macroscopic
deformation of LN50. This is not surprising, since it is
shown from Cohen et al. that mainly perpendicular ori-
ented grains exhibit an affine lamellae tilting deformation
mechanism [10]. In diagonal and parallel direction, they
found no affine tilting. The parameter a is continuously
decreasing non-linearly with increasing strain. In order to
quantify this strain dependence, we divided the curve in
Fig. 5 into three parts, with respect to the stress-strain
behaviour of LN50. Thereby, the slopes a; = 0.42, a; = 0.22
and a3 =0 describe the data points during cold drawing
(1), in the transition zone (2) and in the strain hardening
regime (3) respectively. The overall strain from lamellae
tilting, measured between 30% < gy, < 200% was 0.45 as
shown in Fig. 5.

In Fig. 6, the microstrain ¢, along the meridian of LN50
for perpendicular oriented lamellae is plotted versus the
measured macrostrain ey . It can be found that the micro-
strain in stretching direction is higher than the macro-
strain. Multiple facts account on a connection between
the contribution of lamellae tilting on the deformation
mechanism (Fig. 5, estimated from tilting angles «) and
the microstrain behaviour in stretching direction (Fig. 6,
estimated from elliptical fits of the SAXS pattern). A closer
look at the Figures reveals that,
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Fig. 6. Microstrain, calculated from SAXS-measurements along the
stretching direction, is plotted versus the macrostrain. In the yielding
regime, an above-average microstrain is measureable, which occurs from
the preferential deformation of lamellae perpendicular to the stretching
direction. In the strain hardening regime the slope is unity, indicating
affine deformation behaviour. The black dashed line represents pure
affine deformation and the red solid line stands for affine deformation
with the additional impact of tilted lamellae.

(i) In the cold drawing regime, ¢, is increasing signif-
icantly higher than ¢y, (Fig. 6) and simultaneously,
the contribution of lamellae tilting in this regime
relatively high (Fig. 5).

(ii) The contribution of lamellae tilting is decreasing at
higher strains (Fig. 5) and at the same time, the slope
in Fig. 6 is decreasing, which denotes that the contri-
bution of triaxial deformation is increasing.

(iii) At strains above 180%, no lamellae tilting could be
observed (Fig. 5) and the slope in Fig. 6 is unity,
implying affine triaxial deformation behaviour.

(iv) The offset between the data points in Fig. 6 and the
curve for pure affine deformation is approximately
0.5, which is very close to the overall contribution
of lamellae tilting (0.45) in Fig. 5.

The connection between Figs. 5 and 6 is expected to re-
sult from meridional reflexes of the chevron SAXS-pattern,
which are discussed as the hinge points between the undu-
lated lamellae [10]. We proved, whether the obtained
microstrain behaviour in stretching direction can be de-
scribed by an additional contribution of lamellae tilting.
Therefore, the prefactor of &, which is 1 for affine defor-
mation, was modified by adding a; =0.42, a, =0.22 and
as =0 in the relating deformation regime, which describes
the additional contribution of lamellae tilting. Further, a
microstrain-offset was appended, being ¢, (80%) in the
transition zone and ¢,,,(180%) in the strain hardening re-
gime. The resulting curve consists of three lines with dif-
ferent slopes and can be written as

(1 + (11) +EMx for 0% < émx < 80%
Eux(emx) =< (1+a2) - émx +€.x(80%)  for 80% < emx < 180%
(1403) - &nx + £,x(180%) for 180% < &
3)

The function describes the data points of Fig. 6 in a very
good manner. Hence, we conclude that the preferential
deformation of initially perpendicular oriented lamellae
is responsible for higher micro- than macrostrains in
stretching direction.

Thus, the deformation behaviour of LN50 is expected to
be a combination of different deformation mechanism,
which depends on the lamellae alignment relative to the
stretching direction. Initially perpendicular aligned lamel-
lae are able to undulate and tilt. Tilting is thereby expected
to be the preferred deformation mechanism, because it
necessitates lower deformation energies [10]. However,
lamellae undulation and tilting is constrained by the defor-
mability of adjacent grains, which might need higher stres-
ses to deform. Lamellae aligned parallel to the stretching
direction are unable to tilt. Rather, a fragmentation process
[10] or thin-layer yielding mechanism [3,21] is proposed
for such lamellae orientations. Depending on the initial
lamellae alignment, the deformation mechanism is either
tilting-dominated (particularly in perpendicular oriented
lamellae) or yielding and fragmentation-dominated (par-
ticularly in parallel oriented lamellae). Further, it depends
on the previous mechanical history of the sample. With
increasing deformation, the contribution of lamellae tilting
decreases whereas that of triaxial deformation increases.
At strains above 200%, the impact of lamellae tilting is van-
ished and the sample shows affine deformation.

3.3.2. LN70 - 70 wt.% styrene in the S/B middle block

The stress-strain curve of LN70 offers similar features
as that of LN50, although running at higher stress values.
Accordingly, the curve was divided into the same four
regimes - (i) low-deformation regime (&, < 30%), (ii) cold
drawing  (30% <&y, <80%), (ili) transition zone
(80% < €px<150%) and (iv) strain hardening regime
(emx > 150%).

The 2D-SAXS patterns of LN70 at different deformation
stages are shown in Fig. 7. The initial state shows a circular
ring, which indicates an isotropic lamellae distribution
with a long period of d =43 nm. Upon stretching, the ring
transforms into an ellipse, whereas the minor axis is lo-
cated on the meridian (in stretching direction) and the ma-
jor axis lies on the equator. The long period of
perpendicular oriented lamellae strongly increased from
d=43 nm to d =52 nm at ¢, ~ 20%, whereas the domain
spacing of parallel oriented lamellae decreased. The ellipti-
cal shape of the 2D-SAXS pattern remains till the break,
which points to affine deformation behaviour [12]. Ellipti-
cal fits of the pattern reveal a decreasing minor semi-axis
and an increasing major semi-axis with higher strains. This
indicates increasing domain spacings along the stretching
direction and decreasing domain spacings perpendicular
to the stretching direction. Based on the estimated long
periods, we calculated the microstrain parallel (¢,x) and
perpendicular (&) to the stretching direction. The results
are shown in Fig. 8, where both are plotted versus the mac-
rostrain. The microstrain in stretching direction &, is al-
most similar to the macroscopic strain &y, indicating
affine deformation behaviour. Under the assumption of
incompressibility ((emx+ 1)(emy + 1)(émz+1)=1), similar
strain dependence perpendicular to the stretching
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Fig. 7. 2D-SAXS patterns of LN70 at different deformation stages (eyx = 0%, 20%, 50%, 110%, 200% and 280%). The scale bar represents g, with a width of
0.1 nm ™. The intensities are displayed in linear scale and represented by the calibration bar, reaching from 0 to 2.5 (in arbitrary units). Scale and calibration
bar count for all SAXS patterns in this figure. The stretching direction is vertical, as marked by an arrow. The initial ring transforms upon stretching into an
ellipse. The minor axis of the ellipse becomes smaller with increasing strain, whereas the major axis decreases. Small equatorial streaks are observed at high

strains.
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Fig. 8. Microstrain as function of the macrostrain. The microstrain was
calculated from the major and minor axis of elliptical fits from the 2D-
SAXS patterns of LN70.

direction (emy=eém.) and affine deformation behaviour
(éuy = €my), it is possible to describe the macrostrain &
as a function of the microstrain perpendicular to the
stretching direction &, by

1

@ @

The related curves for affine behaviour are plotted as
dashed lines in Fig. 8 and describe the data points in a good
manner. Thus, the deformation mechanism of LN70 is
dominated by a triaxial deformation of the domains, which
turns out to be affine. The four-point pattern, which was
found in LN50 and which is typical for lamellar block
copolymers was absent. This indicates that the cooperative
tilting of lamellae and the therewith connected formation
of chevrons is hindered.

4. Conclusions

Different deformation mechanisms were found in the
studied S-S/B-S triblock copolymers with similar block
architectures and segregation strengths. The deformation
mechanism depends on the styrene content in the S/B-
middle block and the previous mechanical history. LN50,
having a lower styrene-content in the S/B-middle block
(50 wt.%), shows lamellae undulation and tilting above
the yield point, which is comparable to the behaviour of
classical SBS triblock copolymers. The contribution of
lamellae tilting is decreasing with deformation and is sug-
gested to be constraint by the deformation of adjacent
grains with different lamellae orientations. At strains
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above 180%, no further contribution of lamellae tilting was
found. Instead, the deformation was affine. The higher
styrene content in the S/B-middle block of 70 wt.% in
LN70 results in a different deformation mechanism, as
indicated by the absence of the distinct four-point
SAXS-pattern. Micro- and macro-strain of LN70 were found
to be similar over the whole investigated deformation
range, which points to affine deformation. Three possible
explanations for the different deformation behaviours shall
be noted, which directly result from the different middle
block composition.

(i) The stiffness contrast between the soft and the hard
phase is decreasing in LN70. Theoretical work of Cas-
tafleda et al. predicts a transition from lamellae
tilting (shear along-the layers) to triaxial deforma-
tion by reducing the stiffness contrasts between
the hard and the soft phase in block copolymers
[13].

(ii) The reduced long-range order (small grain size) of
LN70 hinders a cooperative lamellae undulation.
The formation of a chevron structure requires a
highly cooperative lamellae undulation process
[10]. Thus, large grain sizes favour the formation of
chevrons.

(iii) Both, the stiffness contrast and the reduced long-
range order, hinder lamellae undulation and tilting.

However, it cannot be concluded yet, which of these
effects dominates or if additional parameters have to be
taken into account. Further experimental investigations
are necessary to clearly understand the deformation mech-
anism on different length scales in order to improve the
mechanical performance of these materials.
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Blends of two elastomeric ethylene—octene copolymers with similar octene contents having a random
(ORC) and a blocky architecture (OBC) are prepared by melt mixing. The thermal and mechanical
properties of ORC, OBC and their blends are investigated by DSC, dynamic mechanical analysis and
tensile tests. The morphology of the semi-crystalline samples is studied by AFM and WAXS. Two types of
crystals have been observed: (i) Orthorhombic crystals forming lamellae with an estimated thickness of
about 13 nm composed mainly of long polyethylene-like sequences of OBC that melt a temperature of
about 120 °C and (ii) fringed micellar crystals with a thickness of 2—4 nm formed basically by short
polyethylene-like sequences of ORC that have melting temperatures between 30 and 80 °C. The amor-
phous phase contains a relatively homogeneous mixture of segments of both components indicated by
the relatively uniform shape of the loss modulus peaks from dymamic-mechanical measurements for all
investigated copolymers and blends. ORC crystallization is hindered in blends as indicated by lower
melting enthalpies. This might be related to the high octene content of the amorphous phase at the
relevant crystallization temperature as well as geometrical constraints since ORC crystallization occurs in
an already semi-crystalline polymer. The results of tensile tests show that the mechanical behavior can
be tailored via blend composition and morphology of the semi-crystalline material. The findings clearly
indicate that blending is a powerful strategy to optimize the properties of polyolefin-based copolymers.

© 2013 Elsevier Ltd. All rights reserved.
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1. Introduction

Statistical copolymerization with a-olefins such as hexene or
octene is a well known strategy to manipulate the crystallization
behavior of polyethylene (PE). This effect is used in case of linear
low density polyethylene (LLDPE) to optimize the mechanical and
optical properties of these semi-crystalline materials. The influence
of a-olefin type and content on these properties has been studied in
great detail [1—3]. At crystallinities of 10—20%, which are typical for
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ethylene—octene (EO) elastomers, LLDPEs crystallize in form of
fringed micelles, often accompanied by the occurrence of a hex-
agonal crystal structure [3,4]. At higher crystallinities (X, > 40%)
orthorhombic crystals forming lamellae and a conventional
spherulitic superstructure are observed.

In the past, the production of olefin copolymers on an industrial
scale has been basically limited to olefin random copolymers (ORC).
Just recently, the new chain shuttling synthesis method of The
DOW Chemical Company allowed the production of olefin block
copolymers (OBCs) [5]. In this case, EO copolymers are synthesized
by using two catalysts with a different octene-selectivity resulting
either in (i) chain sequences with a very low octene-content, high
crystallinity and high melting temperature (T, = 120 °C) or (ii)
sequences with a high octene content and almost no crystallinity. A
chain shuttling agent allows to change from one catalyst to the
other and vice versa during chain growth, leading to a multiblock
architecture in one-pot synthesis. Accordingly, the macroscopic
properties of olefin block copolymers can be controlled by the chain
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shuttling level, the overall octene-content and the hard-soft block
ratio [5,6].

At octene contents of about 10 mol%, olefin block copolymers
behave like thermoplastic elastomers, whereas crystalline seg-
ments act as physical cross-links in the amorphous matrix. Long
and flexible chain segments between the crystals, which can
stretch easily, lead to higher strain at break and better strain re-
covery at room temperature compared to random EO copolymers
[7]. Hsiao and co-workers found a strong dependence of the chain
shuttling level on the tensile properties, especially at elevated
temperatures. High chain shuttling levels and more blocks per
chain lead to better elastomeric properties, which was attributed to
a more efficient molecular bridging between the physical cross-
links [8,9].

Blending represents an effective method to tailor the properties
of polyolefins such as processability or mechanical behavior. This is
related to the fact that mixing or phase separation can occur in the
crystalline phase as well as in the amorphous phase of the blend
components. What happens is strongly depending on (i) molecular
parameters, such as comonomer type and the chain architecture as
well as (ii) the processing conditions. Coexistence of crystals with
different sizes was commonly found in blends of different random
EO copolymers, whereas cocrystallization has been gained by rapid
cooling (quenching) [3,10—12]. The situation in the amorphous
phase in blends of two different ORC copolymers depends on the
comonomer content of both components [13]. Significant differ-
ences in their octene contents (>10%) lead to phase separation
[10,13,14]. Interestingly, the thermal and mechanical behavior of
OBC:ORC blends have not yet been investigated in detail. This is
rather surprising since blending offers an easy way to tune the
mechanical properties which are of great importance for various
applications. Further, synergistic effects can be expected since long
(OBC) and short (ORC) flexible blocks are arranged in a non-
crystalline matrix like in bimodal networks having advantageous
elastomeric properties [15,16].

In this contribution, we report the thermal, mechanical and
morphological properties of blends composed of two olefin co-
polymers with similar comonomer contents but either blocky or
random chain architecture. Aim is to study the influence of chain
architecture and composition of OBC:ORC blends on mechanical
behavior, crystallization and morphology. The results show that
application-relevant properties of innovative polyolefin co-
polymers can be systematically optimized by blending without
changing the comonomer content.

2. Experimental
2.1. Materials and processing

Ethylene—octene copolymers with different molecular archi-
tectures were provided by The DOW Chemical Company (Horgen,
Switzerland). ORC is a random copolymer, in which the octene units
are randomly distributed along the polymer chain. OBC is a block
copolymer synthesized by chain shuttling polymerization [5] con-
sisting of nearly amorphous blocks with a high octene content and
crystallizable blocks with a very low octene content. More detailed
information on the ORC and OBC polymers is given in Table 1 and
published elsewhere [7].

Blends of OBC and ORC have been compounded by melt mixing
for at least 5 min in a minicompounder (Minilab II, Thermo Sci-
entific) at 190 °C with a screw speed of 100 min~L The extruded
stripes were cut into small pieces with dimensions of
5 x 5 x 1 mm?>. Compression molded plates were obtained by (i)
melting the blends at 190 °C for 5 min without pressure, (ii)
pressing them at the same temperature for 30 s at a pressure of

Table 1
Molecular structure of the used olefin copolymers [7].
Copolymers M, [kg/mol] PDI Octene
content [%]
Olefin block copolymer (OBC) 124 2.1 12
Olefin random copolymer (ORC) 111 2.1 12

30 N/cm? and (iii) subsequent cooling to 40 °C with a rate of 15 K/
min while keeping the pressure constant. Before characterization,
all samples were stored at room temperature for one week.

2.2. Methods

Calorimetric measurements were performed using a NETZSCH
DSC 204 F1 Phoenix at temperatures between —50 and 150 °C with
heating and cooling rates of 10 K/min. The crystallinity of the
samples is estimated based on the ratio of the measured melting
enthalpies to that of perfect PE crystals (AHmpe = 290 J/g) [7]. A
DMA Q800 (TA Instruments) was used for dynamic mechanical
analysis (DMA) in tension mode between —100 and 50 °C with a
heating rate of 2 K/min, a strain amplitude of 0.5% and a mea-
surement frequency of 1 Hz. Tensile tests were performed accord-
ing to DIN EN ISO 527 on at least five specimens using a Zwick/Roell
Z010. The initial gage length was 28 mm and the crosshead speed
was held constant at 28 mm/min. For Atomic Force Microscopy
(AFM), small areas of the compression molded plates were trimmed
with a cryo-ultramicrotome (PT-PC Powertome with CR-X cryo
unit, RMC products) at a temperature of —100 °C in order to
minimize the irreversible deformation of the blend morphology.
AFM images were obtained by a JPK Nanowizard II in tapping mode
using super sharp silicon tips with tip radii >2 nm. Wide-angle X-
ray scattering (WAXS) experiments were carried out on a Bruker
Nanostar using X-ray radiation with a wavelength of A = 1.54 A and
a sample-to detector distance of 124 mm. A silver behenate stan-
dard was used for scattering angle calibration.

3. Results
3.1. Thermal properties
First heating scans from DSC measurements on the olefin

random copolymer (ORC), the olefin block copolymer (OBC) and
their blends are shown in Fig. 1. Pure OBC exhibits a pronounced
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Fig. 1. DSC curves for copolymers and OBC:ORC blends obtained during the first
heating. The curves are vertically shifted for better visualization. The dotted line
represents the dependence of the crystal thickness on the melting temperature of an
orthogonal PE crystal, based on the Broadhurst-equation (1) [17].
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melting peak at T, = 124 °C, which is only 5—10 K lower than
melting temperatures of classical, orthorhombic PE crystals. The
melting enthalpy of OBC is found to be 38 ]/g, which corresponds to
an overall crystallinity of X. = 13.1%, estimated based on the
melting enthalpy of perfect PE crystals (AHmpe = 290 ]/g). The
crystalline fraction of the random copolymer ORC is melting be-
tween 30 and 80 °C. The melting peak has a bimodal shape which
could in principle originate either from different thicknesses of the
crystalline lamellae (resulting in different melting temperatures
according to the Gibbs—Thomson effect [17]) or from the coexis-
tence of different crystalline forms (polymorphs) [18]. At low
temperatures (—20 < T < 20 °C), ORC shows additional small peaks
which may be due to melting of extremely small crystals or
structural relaxation phenomena in the (rigid) amorphous phase.

The DSC heating scans for blends exhibit similar features as
found for pure OBC and ORC. In particular, all blends show two
melting peaks. One melting peak occurs at temperatures between
30 and 80 °C (low-temperature peak, LTP) and the other one at
about 120 °C (high temperature peak, HTP). A detailed analysis of
the melting enthalpies (Fig. 2) confirms that the melting enthalpy
of the high temperature peak, AHp, is increasing linearly with the
OBC content while that of the low temperature peak, AHy,>, is
decreasing non-linearly. The obtained melting temperatures, Tp 1
and Tp2, the melting enthalpies, AHm1 and AHp 2, and the esti-
mated crystallinities, X1 and X», are given for both melting peaks in
Table 2.

In order to approximate the crystal thickness and to estimate
the number of methylene units n along the c-axis of the ortho-
rhombic PE-like crystal, we used the Broadhurst equation [17]

n wd+1
Tm = Tmy o (1)
where T3 = 140.15 °C is the melting point of an ideal PE crystal
with infinite lamella thickness while a = 1.5 and b = 5.0 are fit
parameters to describe the melting behavior of alkanes and PE
crystals [17]. This function is plotted in the DSC diagram (Fig. 1) in
order to compare the melting temperatures directly with the cor-
responding crystal thicknesses. Low-temperature peaks at 30—
80 °C are related to ORC indicate crystal thickness between 2 and
4 nm or respectively 15 to 30 methylene units per crystalline stem.
These results are in good accordance with the findings by Mauler
et al.,, who found an average number of 16 successive ethylene units
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Fig. 2. Melting enthalpies of the high temperature OBC-peak (HTP, filled rectangles),
the low temperature ORC-peak (LTP, open rectangles) and their sum (triangles) versus
the fraction of OBC. The solid lines are guides to the eye and illustrate the overall trend.

Table 2
Parameters taken from DSC scans on olefin copolymer blends.

Sample High temperature peak

Tm,l [JC] AHm,l U/g] X [%] Tm,2 [OC] AHm,2 U/g] X2 [%] Xtotal [%]

Low temperature peak

OBC 123.9 38.0 131 - - - 131
R25 119.0 27.8 96 363 2.7 0.9 10.5
R50 120.0 19.2 6.6 379 6.5 23 89
R75 1193 9.9 34 373 13.2 4.5 79
ORC — — - 43.1 284 9.8 9.8

(i.e. n = 32 methylene units) along the main chain in a similar ORC
by 13C NMR [2]. Hence, one can conclude that the undisturbed PE-
like sequences in ORC chains do crystallize partly in a fully
stretched conformation which results in a fringed-micellar or
bundle-like morphology, as described by Hiltner and co-workers
[3]. The high melting temperature of OBC of Ty, = 124 °C corre-
sponds to a crystal thickness of around 13 nm and about 100
methylene units per stem. Considering that the octene units are
usually not incorporated in the crystals, one can conclude that the
PE-like sequences in the investigated OBC have at least this average
length. The coexistence of two distinct melting regions in the DSC
heating scans of blends shows that independent crystalline phases
exist related to OBC and ORC. The PE-like blocks of OBC with low
octene-contents form obviously really thick crystals (13 nm).
Additional melting peaks at temperatures <20 °C were not found
for OBC indicating that the octene-rich OBC-block hardly
crystallizes.

The linear increase of the melting enthalpy AHp,; of the high
temperature peak (HTP) in DSC heating scans for blends with
increasing OBC content evidences the weak influence of the ORC
phase on the crystallization of OBC chains. The simultaneous non-
linear decrease of the melting enthalpy AHyy, of the low temper-
ature peak (LTP) with increasing OBC content indicates that the
presence of OBC hinders the crystallization of relatively short PE-
like sequences in ORC during cooling. This is somehow an ex-
pected finding since the crystallization in the random copolymer
occurs at lower temperatures than that in the block copolymer.
Consequently, crystallization of short PE-like sequences in ORC
chains occurs in amorphous domains between already existing
crystals formed by parts of the OBC chains. Crystallization under
these conditions is surely more complicated than crystallization in
pure ORC since the amorphous regions between OBC crystals (i)
have nanoscopic dimensions, (ii) contain more entanglements and
(iii) a significantly larger amount of octene units which are not
incorporated in the OBC crystals. Hence, growth of ORC crystals in
blends is kinetically hindered by geometrical constraints as well as
the presence of non-crystallizable units. Moreover, nucleation is
less efficient due to the limited size of the amorphous regions.
These effects together should be responsible for the reduced crys-
tallinity of the ORC chains in blends with OBC keeping all other
conditions constant. Note that cocrystallization of PE-like se-
quences of ORC and OBC obviously does not occur, although they
differ only in length.

3.2. Mechanical properties

Dynamic-mechanical analysis. Storage modulus E' and loss
modulus E” taken from dynamic-mechanical measurements on
OBC, R50 and ORC in the temperature range from —100 to —30 °C
are presented in Fig. 3. All samples show a distinct relaxation
process at temperatures between —60 and —50 °C which is indi-
cated by a significant drop in E'(T) and a corresponding peak in
E"(T). The storage modulus decreases from 1 GPa at temperatures
significantly below T!HZ to E' = 10 MPa above. This feature reflects
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Fig. 3. Dynamic mechanical analysis data for OBC, R50 and ORC in the temperature
range near the dynamic glass transition temperature TJH?, The arrows indicate the
estimated values of T H2.

the dynamic glass transition (« relaxation) of the amorphous phase
occurring in this temperature range at a frequency of 1 Hz. It should
be noted that the dynamic glass transition temperature T HZ of the
amorphous phase in OBC is lower than that of ORC and that the
transition in blends occurs at intermediate temperatures. More-
over, there is no significant difference in the E” peak width and no
clear evidence for the existence of two superimposed E” peaks in
case of blends. This points to a relatively homogeneous mixing of
ORC and OBC segments in the amorphous phase. The lower T!Hz
value for OBC indicates that a larger fraction of octene units in the
amorphous domains is leading to a lower softening temperature
compared to pure polyethylene (T; = —36 °C [19]). This may be
related to internal plasticization of main chains by alkyl side groups
known from many other homologous series [20], probably
accompanied by a decrease of the average density of the amor-
phous domains. Considering the concentration of octene units in
the amorphous domains, this interpretation is in line with the
discussion about trends in the DSC data.

Tensile tests. Representative stress—strain curves for the inves-
tigated olefin copolymers are depicted in Fig. 4. All samples show
an elastomeric property profile. While the behavior at small strains
(<100%) is only weakly changing, the large strain behavior is
significantly depending on blend composition. In particular, the
onset of strain hardening and the strain at break are affected.
Average values for important mechanical parameters are plotted
versus OBC content in Fig. 5. Pure ORC samples show the highest
values of the 300% secant modulus but the lowest strain at break. In
blends, the strain at break is systematically increasing while the
300% modulus is decreasing with increasing OBC contents. The
tensile strength, however, seems to be only slightly affected by
blend composition (Fig. 5).
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Fig. 4. Representative stress strain curves of OBC, ORC and their blends.

In general, the results show that the mechanical properties can
be easily tuned by changing the blend composition. Although the
average octene content of all investigated copolymer systems is
nearly identical, systematic trends are found in the mechanical
behavior depending on the OBC:ORC ratio. This underlines a strong
influence of crystallinity and morphology. Considering the depen-
dence of mechanical properties on composition, one can conclude
that the stress—strain behavior at large strains (>100%) mainly
depends on the average length of (flexible) chain segments be-
tween two adjacent crystallites acting as physical cross-links [21].
The blocky molecular architecture of OBC chains results in longer
flexible chain segments between the relatively large, but rare
crystals. In contrast, ORC contains much shorter non-crystallizable
chain sequences where ethylene and octene units are truly
randomly arranged. Hence, the flexible chain segments between
numerous small ORC crystals (forming fringed micelles [3,7])
should be also much shorter. This leads to higher repulsive forces
due to entropy elasticity and hence to higher stresses compared to
OBC. This picture gives a consistent explanation for the systematic
changes regarding 300% secant modulus and strain at break in
OBC:ORC blends.

3.3. Structural properties

Wide angle X-ray scattering (WAXS). WAXS pattern for all
investigated olefin copolymer samples are given in Fig. 6. Two
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Fig. 5. Mechanical properties as a function of the OBC-content. The solid lines are
guides to the eye highlighting trends.
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Fig. 6. WAXS pattern for the olefin copolymer blends. The patterns are vertically
shifted for the sake of clarity.

Bragg peaks are found for OBC at about 26 = 20.6° and 23° which
corresponds to spacings of 0.43 and 0.38 nm, respectively. These
peaks are attributed to the (110) and (200) reflexes of an ortho-
rhombic lattice, like known for PE. In pure ORC, the first peak is
blurred and seems to be slightly shifted to smaller scattering angles
while the second reflex is nearly absent. This finding is in agree-
ment with the recent observation that hexagonal and ortho-
rhombic crystals coexist in ORC systems with similar chain
architectures [8]. In blends, the intensity of the sharp (110) peak as
well as the (200) peak corresponding to orthorhombic OBC crystals
are systematically increasing with increasing OBC content [22]. This
points to a relatively independent crystallization of PE-like se-
quences in OBC chains supporting the DSC results reported above.

Compared to literature, there are obviously no dramatic changes in
the crystallization behavior of the individual OBC [7] and ORC [8]
chains in blends apart from a reduced crystallinity of the ORC
component found by DSC. Hence, two polymorphic forms of poly-
olefin crystals are observed in blends — (i) large orthorhombic
crystals originating from long PE-like blocks in OBC and (ii) small
crystals mainly formed by short PE-like sequences in ORC, which is
supposed to form fringed micelles. Based on the detected scattering
pattern, it is hard to decide whether the ORC crystals are mainly
orthorhombically or hexagonally packed.

Atomic force microscopy. Fig. 7 shows AFM phase contrast images
of OBC (a), ORC (e) and their blends (b—d). For OBC, the crystals that
are formed by the blocks with a very low octene content are seen as
needle-like structures. Crystalline and amorphous phases have
different hardness and can be detected relatively easily by AFM, in
particular in phase contrast images. The average thickness of the
crystals, estimated based on measurements of at least 50 repre-
sentative crystals, is found to be 14 4+ 4 nm. In R25, the concen-
tration of large crystals is reduced due to blending with ORC. This
trend continues with increasing ORC content until large crystals
cannot be observed anymore for pure ORC by AFM (Fig. 7e). The
crystals formed by ORC chains cannot be fully resolved by this
method, due to convolution effects of the small crystals (2—4 nm)
and the AFM tip (radius > 2 nm). What is seen in the images for ORC
is only a certain network-like morphology, which indicates the
existence of small crystals dispersed homogeneously in the mate-
rial. In general, the AFM images for the different olefin copolymers
and blends confirm that what has been concluded from other
methods. The average OBC crystal thickness (14 nm) is in good
agreement with the values estimated based on DSC melting tem-
peratures (13 nm, cf. Fig. 1). The AFM images of the blends show big
OBC crystals as well as a network-like structure attributed to small
ORC crystals. Depending on composition, the features are differ-
ently pronounced. This finding is in accordance with the discussion
about well distinguishable ORC and OBC crystals based on data
from WAXS and DSC.

Fig. 7. AFM phase images showing 2 x 2 um scans of (a) OBC, (e) ORC and (b d) their blends R25, R50 and R75. The color bar is identical for all images and covers the range from -5

to 10°.
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Fig. 8. Sketch of the proposed morphology of olefin copolymer blends. OBC and ORC
chains are shown as green and red lines, respectively. Chain segments with high octene
content are displayed as dotted lines while solid lines represent nearly undisturbed,
crystallizable PE segments. A thick OBC crystals arranged as folded lamellae; B thin
ORC crystals arranged in form of fringed micelles; C amorphous phase.

4. Discussion and conclusions

Summarizing the results of our calorimetric, mechanical and
morphological investigations on melt-mixed and extruded blends
of ethylene—octene copolymers with random (ORC) and blocky
(OBC) chain architecture one can conclude that these materials
show a three phase structure as sketched in Fig. 8. The main phases,
which have to be distinguished, are:

A OBC crystals = orthorhombically packed PE-like crystals with a
thickness of 10—15 nm along the crystallographic c-axis having
a melting temperature of about 120 °C. These crystals are
obviously formed by long methylene sequences in the OBC
block with a very low octene content. The concentration of
these crystals is nearly proportional to the OBC content in
blends. In accordance with prior results from Hiltner et al., the
formation of folded lamellae of OBC is expected [6].

B ORC crystals = small PE-like crystals with a thickness of about
2—4 nm having melting temperatures in the range from 30 to
80 °C. These crystals should originate from the crystallization of
short PE-like sequences in ORC chains to fringed micelles or
bundles in accordance with literature [3,7]. Whether these
crystals are mainly orthorhombic or hexagonal cannot be
decided based on the experiments performed here. A mixture
of hexagonal and orthorhombic crystals has been reported for
similar ORC systems in the literature [8]. There are clear in-
dications that the fraction of crystalline ORC sequences per
chain is smaller in case of ORC:0OBC blends compared to pure
ORC. This might be due to geometrical constraints and an
actually higher octene content in the amorphous phase of
OBC:ORC blends containing already PE-like OBC crystals at the
crystallization temperature of the relevant ORC sequences. This
should hinder ORC crystal growth and reduce the nucleation
efficiency.

C Amorphous phase = quasi-homogeneous mixture of non-crys-
talline segments from both components of the investigated
ORC:OBC blends. There is no clear evidence for a separation
of chain segments from ORC and OBC in the amorphous
phase. Bimodal loss modulus peaks or significant peak broad-
ening which would be expected for well defined domains
with typical dimensions larger than a very few nanometer
are not observed. The observed relaxation temperatures of —60
to —50 °C are quite similar to those reported for other

ethylene—octene copolymers [3,6] and only 15—25 K lower
than T, values reported for fully amorphous PE [19].

It is interesting to find three phases in binary blends made of
two polymeric components which contain two identical mono-
mers. Although the mixed copolymers contain even the same
average amount of ethylene and octene, the macroscopic properties
of the blends vary strongly and systematically with chain archi-
tecture as well as blend composition. The results presented in this
paper nicely demonstrate the importance of crystallinity and
crystal morphology for the properties of macroscopic samples and
show also how a systematic modification of the crystal size distri-
bution can be used to tune the mechanical behavior. Blending of
olefin blocky and random copolymers, OBC and ORC, is obviously a
simple but efficient way to manipulate material properties. ORC
rich blends have a higher secant modulus (300%) but lower strain at
break while OBC rich blends have slightly lower secant moduli but
significantly larger values for the strain at break. This underlines
not only the large potential of innovative copolymerization tech-
niques and olefin-based copolymers produced using such synthesis
routes but shows also that blending can be a powerful strategy to
control the morphology of the semi-crystalline polymers and to
optimize their properties.
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ABSTRACT: Inkjet printing was used for the preparation of ternary
polymer/polymer/fullerene layers for organic solar cell application, as
part of a combinatorial setup for the preparation and characterization of
thin-film libraries. Poly(phenylene-ethynylene)-alt-poly(phenylene-vinyl-
ene) (PPE-alt-PPV) and poly(diketopyrrolopyrrole-alt-fluorene)
(P(DPP-alt-F)) were systematically blended with poly(3-octylthiophene)
(P30T) and investigated by UV—vis spectroscopy to improve the photon
harvesting by extending the absorption range. The blends with the
broadest absorption range (20 and 40 wt % of PPE-alt-PPV and
P(DPP-alt-F), respectively) were mixed with mono(1-[3-
(methoxycarbonyl)propyl]-1-phenyl)-[6,6]Cs; (PCBM). The blend
with the low band gap polymer P(DPP-alt-F) revealed the most TR
extended absorption, which ranges over the whole visible spectrum (350
to 750 nm). The mixing with PCBM (ratio 1/3) led to an optimal emission quenching and revealed a smooth film formation. In
this contribution, we show that the combinatorial screening using inkjet printing represents an effective, time- and material-saving
workflow for the investigation of polymer blend libraries, which is of high interest for the development of new materials for active
layers in organic photovoltaics.

Absonpten

KEYWORDS: combinatorial screening, inkjet printing, ternary blends, absorption, morphology

H INTRODUCTION result, P(DPP-alt-F) is a donor—acceptor copolymer, which
The development of smaller, more flexible and cheaper represents a low-band gap polymer.'® Although fine-tuning of
optoelectronic devices, for example, organic light emitting the optical properties can be enabled by attaching side chains to
diodes (OLEDs)" and organic photovoltaics (OPVs),” benefits the polymer backbone, the polymer shows absorption only in a
from the tunable characteristics of conjugated polymers, in specific wavelength-range.

particular variable optical properties. Conjugated polymer A straightforward approach to increase the absorption range
structures in the field of OPVs include poly(phenylene- is blending of two polymers with different absorption
vinylene) (PPV),>* poly(phenylene-ethynylene)-alt-poly- characteristics. Improved performances of organic solar cell
(phenylene-vinylene) (PPE-alt-PPV),*° poly(thiophene) devices have been reported in literature by using a ternary

(PT),””® poly(fluorene) (PE),”'® and poly- 19,20
(diketopyrrolopyrrole) (PDPP).'"'?

Thereby, a low polymer band gap” as well as a broad
absorption range are required to improve quantum efficiencies
of the final organic solar cell devices."* For instance, low band
gap donor—acceptor copolymers were found to reveal
improved photon harvesting properties."*'> In the past years,
DPP moieties have gained an increased interest as a building

mixture of polymer/polymer/fullerene or polymer/small
molecule/fullerene.?! Thereby, the fullerene derivatives act as
electron acceptor in the active layer.

For the preparation of the active layer of an organic solar cell,
inkjet printing as well as spin-coating can be used as solution

32223

deposition metho In contrast to spin-coating, where more

than 90% of the material is wasted, inkjet printing represents a

unit for polymers used for organic solar cells because of their highly material-efficient deposition method that requires only
strong absorption in the visible region and their electron- small amounts of functional materials and produces a minimal
withdrawing behavior.'® For this reason, DPP represents a

suitable building moiety for donor—acceptor polymers. Received: January 11, 2013

Fluorene (F) moieties are rigid and planar building units that Revised: ~ March 20, 2013

in contrast to DPP, act as an electron-donating unit.'” As a Published: April 26, 2013
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Figure 1. Experimental workflow for the combinatorial screening of binary polymer/polymer and ternary polymer/polymer/fullerene blends for the

use in organic solar cells.

amount of waste, since the material is placed on-demand and
where required.****

Many processing parameters influence the fabrication of the
active layer and, as a consequence, the final device properties.
Ink formulations, like the solvent, the concentration, and the
polymer/fullerene ratio, as well as the process parameters,
including film thickness, temperature, and, obviously, the
processing technique itself, have a significant influence on the
properties of the active layer. Furthermore, with the addition of
more components to the mixture the number of combinations
is exponentially increasing.

Therefore, a combinatorial screening approach is necessary
to elucidate important structure—property relationships as well
as to identify the most promising blends and blend ratios for
the use as active bulk heterojunction solar cell layers. To reveal
correlations between printing conditions and solar cell activities
the investigation of the performance of the inkjet printed active
layers in solar cells is the scope of future publications.

Inkjet printing is a precise and noncontact patterning
technique, which can be used as a combinatorial screening
tool to discover quantitative structure—property relationships,
as described recently for the optimization of donor/acceptor
materials for solar cells.***” By using inkjet printing, synergles
between ink properties and film characteristics can be found,*®
which significantly accelerates research and, subsequently, leads
to a fast and simple handling of promising compounds for
OPVs. Because of the continuous development of new
polymers, many blend combinations might be promising as
active layers. By using the presented workflow high perform-
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ance materials and mixtures can be identified in a time- and
material-efficient procedure.

In this contribution, we report the screening of two polymer/
polymer blends, using a combinatorial experimental setup. To
optimize the absorption of the active layer materials, two blend
systems from poly(3-octylthiophene) (P30T) with (i) PPE-alt-
PPV and (ii) P(DPP-alt-F) were investigated according to their
film formation and optical behavior.

B RESULTS AND DISCUSSION

Combinatorial screening. The experimental setup for the
combinatorial screening of various binary polymer/polymer
and ternary polymer/polymer/fullerene mixtures is depicted in
Figure 1. The following combinatorial workflow was used:

(i) The mixtures with the desired compound ratios, solvent
system, and concentration were prepared in a quartz 96-well
microtiter plate. For each polymer a solvent mixture of
chlorobenzene/ortho-dichlorobenzene (CB/o-DCB) in a ratio
of 90/10 was used.

(ii) The filled microtiter plate was used for UV—vis
absorption and emission measurements of the blend solutions
with a UV—vis plate reader.

(iii) Individual wells of the plate were used as small solution
reservoirs for the inkjet printing process.

(iv) Thin-film libraries were printed in a microtiter plate
pattern according to the positions to the wells of a 96-well plate
to screen the optical properties of the films using a high-
throughput UV—vis plate reader.

dx.doi.org/10.1021/c0400006q | ACS Comb. Sci. 2013, 15, 410418
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Single Polymers. At first, the individual polymers poly-
(phenylene-ethynylene)-alt-poly(phenylene-vinylene) (PPE-
alt-PPV) P1 (Figure 2a), poly(diketopyrrolopyrrole-alt-fluo-

a) OR,

OR,

Figure 2. Schematic representation of the chemical structure of the
investigated polymers. (a) Poly(phenylene-ethynylene)-alt-poly-
(phenylene-vinylene) P1 (R; = octyl, R, = octadecyl), (b) poly-
(diketopyrrolopyrrole-alt-fluorene) P2 (R = ethylhexyl on DPP, octyl
on F) and (c) poly(3-octylthiophene) P3 (R = octyl).

rene) P(DPP-alt-F) P2 (Figure 2b), and poly(3-octylthio-
phene) (P30T) P3 (Figure 2c) were investigated concerning
their printability, film formation, and absorption behavior in
solution and film. The results are summarized in Table 1. The
surface roughness R, of P1, P2, and P3, as estimated by optical
interferometry, was found to be 8, 15, and 30 nm, respectively
(Table 1). Thus, the film formation via inkjet printing seems to
be better for the polymers P2 and P3 under the given
processing conditions.

To investigate the polymers as potential candidates for the
use in ternary mixtures, the absorption of the single polymers in
solution and as film needs to be measured. P1 reveals in
solution an absorption maximum at 443 nm (Figure 3a),
whereas two absorption peaks are observed in the inkjet printed
film at 451 and 480 nm (Figure 3c). A red-shift of the
absorption peak in the solid state occurs because of an
improved planarization of the polymer backbone.”® According
to literature, the revealed band-splitting in the film absorption
spectra is correlated to the formation of aggregates.®®

The absorption spectrum of the P2 solution shows four
peaks, which can be assigned to moieties of PDPP (417 nm,
609 nm, 661 nm) and PF (370 nm, Figure 3b). The absorption
of P2 of a printed film reveals only a small red-shift in
comparison to the solution (Figure 3d). In contrast, polymer
P3 shows a more significant bathochromic shift between the
solution (454 nm, Figure 3a) and the inkjet printed film
((522 nm, Figure 3c). Thereby, the three absorption peaks of

the inkjet printed film can be assigned to the 7—z* transition
(522 nm) and interchain interactions (550 nm, 610 nm). This
behavior can be explained by an improved glanarization and
aggregation of the polymer in the solid state.”

The optical band gap of all three polymers was determined
from the UV—vis spectra of the polymers in solution
(Table 1).*" The different optical properties of P1, P2, and
P3 can be explained by their chemical structures taking
structural criteria for the design of conjugated polymers with
reduced bandgaps into consideration.” P1 has a relative high
optical band gap of 2.4 eV, which is not favorable for their use
in OPV as a single photon harvesting species. The high
bandgap originates from a single bond rotation and therefore,
from the hindered formation of the quinoid structure and
delocalization of 7-electrons. P3 has a lower bandgap of 1.9 eV
because of the high density of bulky side-chains, which cause a
steric hindrance of the single bond rotation. Therefore, P3 has
a higher planarity of the aromatic backbone, which results in a
higher degree of delocalization of 7-electrons. Furthermore, the
absorption spectrum of P3 in the solid state is characterized by
PT crystals that lead to a more ordered phase of the polymer
and, hence, to a lower bandgap.'® The copolymer of PDPP and
PF, P2, reveals a band gap of 1.7 eV, which is classified as being
a low bandgap polymer and which is favorable for solar cell
applications.'" Copolymer P2 has a very rigid structure that
does not undergo further planarization in the solid state and, as
a consequence, no strong red-shift of the absorption in the solid
state compared to the solution is observed.

Polymer/Polymer Blends. Since all individual polymers
P1, P2, and P3 show different absorption spectra in the solid
state, a combination of the polymers is promising to improve
the overall yield of photon harvesting.

The first investigated polymer/polymer blend consists of P1/
P3. The polymers were mixed in different ratios ranging from
8/2 to 2/8 by weight. The absorption spectra of the blends in
solution (Figure 3a) showed a single absorption peak at 439
nm for the ratio 8/2, which is compared to P1 4 nm blue-
shifted. With increasing P3-content the maximum peak shifts to
445 nm for the ratio 2/8 and the absorption spectra become
broader.

The spectra of the inkjet printed films of the blends P1/P3
(Figure 3c) show a broad absorption from 350 to 650 nm; the
observed absorption features can be assigned to P1 (452 nm,
480 nm) and P3 (557 nm, 610 nm, Table 1). Thereby, the
intensity of the two absorption peaks at 557 and 610 nm
increases systematically with the P3-content. However, even
with a high P3-content in the blend, the P1 absorption peaks
show high intensities because of a high absorption coefficient of
the P1 material.*> This implies that only a small addition of P1
is required to increase the total absorption range of the polymer
films significantly. Upon decreasing P1-content in the blend,

Table 1. Optical Properties in Solution and as Inkjet Printed Film As Well As Film Formation Characteristics of the Pristine
Polymers P1, P2, and P3 and the Binary Blends P1/P3 2/8 and P2/P3 4/6

inkjet printed film

solution
e (o] EP (V] e [nm]
P1 443 2.43 451
P2 661 1.70 660
P3 454 1.89 522
P1/P3 (2/8) 445 482
P2/P3 (4/6) 660 666

film thickness [nm]
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surface roughness R, [nm] dot spacing [pum]

160 30 120
190 8 100
150 15 160
140 30 100
170 20 110
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Figure 3. Absorption spectra of P1, P3, and P1/P3 blends (a) and P2, P3, and P2/P3 blends (b) in solution and inkjet printed films (c, d). Optical
profiler images of the inkjet printed blend films P1/P3 2/8 (e) and P2/P3 4/6 (f).

the absorption peak of P1 (452 nm) shifts to 462 nm. Further
decreasing of the P1-content leads to lower intensities. It can be
assumed that the polymer P1 shows with increased P3-content
a preferred formation of aggregates (as observed by the
absorption at 480 nm) when inkjet printed from a P1/P3
mixture.”® From Figure 3c it can be concluded that the blend
ratio P1/P3 2/8 shows the best absorption performance, since
the absorption range is the broadest when compared to the
other ratios.

Figure 3e shows an optical profilometer image of the blend
ratio P1/P3 2/8. Although inkjet printing of the films was
performed directly after mixing the polymers and the mixtures
are continuously stirred during printing, rough films with a

413

surface roughness R, of 30 to 40 nm were formed. In contrast, a
smooth surface with R, of 15 nm was obtained when printing
the single polymer P3 using the same solvent. The binary
blends containing P1 and P3 reveal a similar roughness as the
single polymer P1 (Table 1).

In summary, blending P3 with a small amount of P1
copolymer leads to an increased absorption range in the region
from 350 to 630 nm. However, to improve the solar emission
match, an absorption at higher wavelengths is required."?

Figure 3b shows the absorption spectra for the mixtures of
P2 and P3 in solution. The peak at around 450 nm is assigned
to P3 and the peaks at 376 nm, 430 nm, 608 nm, and 660 nm
to P2. In the region between 430 and 450 nm, an overlay of
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Figure 4. Absorption spectra (a) and normalized photoluminescence spectra (b) of inkjet printed films of P1/P3 2/8 in the mixture with PCBM
with varied polymer/PCBM ratios. Optical profiler image (c) and corresponding cross-section (d) of an inkjet printed film of the polymer/PCBM

ratio 1/1.

absorption from both polymers is observed. After printing, the
UV—vis spectra show a significant broadening in the region of
650 to 750 nm, by adding a small fraction of P2, leading to an
overall absorption range between 350 and 750 nm (Figure 3d).
The absorption peaks of the printed samples are in comparison
to the absorption in solution more structured as well as red-
shifted; P3 (520 nm, 550 nm, 610 nm) and P2 (383 nm,
43S nm, 610 nm, 673 nm). From the absorption spectra in
Figure 3d it was concluded that the blend ratio P2/P3 4/6
shows the broadest and most intense absorption of the
investigated blends. Hence, this ratio was used for further
investigations. In Figure 3f an optical profilometer image of an
inkjet printed film of the blend ratio 4/6 is depicted. The image
represents a 170 nm thick film with a surface roughness R, of
20 nm (Table 1).

It is worth noting that the specific P30T interchain
interactions in the solid state (P3, 550 nm, 610 nm) is still
observed when mixed with P1 or P2, even at low P3 contents.
Thus, it can be assumed that the addition of P1 or P2 does not
suppress the formation of highly ordered thiophene crystals.

Polymer/Polymer/Fullerene Blends. Optical Properties.
As described in the previous sections the blend mixtures P1/P3
2/8 and P2/P3 4/6 were chosen from the combinatorial study
of the binary blends for further investigations. Ternary blends
were prepared from these mixtures by adding mono(1-[3-
(methoxycarbonyl)propyl]-1-phenyl)-[6,6]Cs; (PCBM) as
electron-accepting unit, which is commonly used in active
layers of organic solar cells. The chosen polymer blend/PCBM
ratios of 1/1, 1/2, 1/3, and 1/4 were inkjet printed and
investigated according their film formation behavior and optical
properties.

Figure 4a shows the absorption spectra of inkjet printed films
of the ternary blends that consist of P1/P3 2/8 and PCBM in
the prescribed ratios. The absorption peak at 320 nm originates
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from the fullerene derivative and increases in intensity with the
PCBM content in the blend. The wavelength, at which the
polymer P3 absorbs in the ternary blend, differs from the binary
polymer/polymer mixture. Whereas in the spectrum of the
polymer/PCBM ratio 1/1 the absorption bands of P3 (520 nm,
550 nm, 610 nm) are still visible, this band structure is not
observed at higher PCBM contents. For the films with a higher
fullerene content only a blue-shifted main absorption peak of
the 7—n* transition is present. This is an indication for reduced
interchain interactions of P3 in the presence of PCBM in the
blend. The polymer emission is quenched by a factor of 10
when PCBM was added in a ratio of polymer/PCBM 1/1, as
can be seen in Figure 4b. Increasing the amount of PCBM did
not lead to a further decrease of the polymer emission. The
significant quenching is an indication for a good mixing of the
components in the ternary blends, which lead to an eficient
charge transfer from the electron-donator to the electron-
acceptor.

The absorption spectra of the polymer blend P2/P3 4/6 in a
mixture with different amounts of PCBM are shown in Figure
Sa. Similar to the (P1/P3)/PCBM blend, the intensity of the
absorption peak at 320 nm is increasing with higher PCBM
contents. Figure Sb shows the emission measurements of the
(P2/P3)/PCBM blends. A high quenching of the emission was
observed for all investigated (P2/P3)/PCBM blends. The
maximum quenching was found for a ratio of ((4/6)/30)
(Figure Sb), indicating an appropriate charge transfer in the
blend. A quick indication of effective mixing and charge
separation could be obtained by measuring the photo-
luminescence quenching of the ternary blends. Combinatorial
screening of different blend compositions yields the most
promising mixtures, based on the optical and film formation
behavior, being (P1/P3)/PCBM ((2/8)/10) and (P2/P3)/
PCBM ((4/6)/30), respectively.
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ACS Combinatorial Science

Research Article

a) 0s- increasing PCBM-ratio —(p2ip3ypcBM 14 D) 104
- - = (P2/P3)/PCBM 1/3
0.5+ (P2/P3)/PCBM 1/2
—-—- (P2IP3)/PCBM 1/1 > 08
0ad fi (P2/P3)/PCBM 1/0 7
= -1 &
= f —
S E 0.6
& 03f¢ 2
a ! €
5] ! T 0.4
2 o024 °
< i N
. ©
£
0.1 ,' S 0.2
| ‘\\ .\.—-I—"
{ 0
0.0k T T T T T T T T 1 T T T 1 \.1 0.0 - - - - T
350 400 450 500 550 600 650 700 750 1o 11 12 113 m
A (nm) (P2/P3)/PCBM ratio
Q) y d) m

200 4

100 9

408.7um

MWWWWWWWWM

Surface roughness R,: 6 nm

500

100

..............................

50 =

524 1um -100 =

-100
-150

Surface roughness R,: 5 nm
i

-150

o

T s T
100 200 300 400 500

Figure S. Absorption spectra (a) and normalized photoluminescence spectra at maximum (b) of inkjet printed films of P2/P3 4/6 in the mixture
with PCBM with varied polymer/PCBM ratios. Optical profiler images (c, e) and corresponding cross sections (d, f) of inkjet printed films of the
polymer/PCBM ratio 1/3 with a concentration of 0.8 wt % (c, d) and 0.5 wt % (e, f).

Morphological Characterization. The optical profilometer
image of the inkjet printed film of the blend (P1/P3)/PCBM
(2/8)/10 is depicted in Figure 4c, which shows a smooth film
with a thickness of approximately 100 nm and a surface
roughness R, of S nm (Figure 4d). In Figure Sc an optical
profiler image of an inkjet printed film of the blend (P2/P3)/
PCBM (4/6)/30 is depicted, which demonstrates a smooth
film formation (R, = 6 nm) with a thickness of approximately
450 nm (Figure Sd). To reveal the required optimal thickness
for an active layer of solar cells, which is between 100 and
200 nm,"* the concentration was reduced to 0.5 wt %, leading
to a film thickness of approximately 200 nm with a low
roughness (R, = S nm), as depicted in Figure Se,f.

The active layer morphology affects the charge transport
through the active layer and is crucial for an evaluation of
applicable polymer/fullerene blends or active layer preparation
conditions for OPVs.*> Therefore, atomic force microscopy
(AFM) measurements were performed on selected blends,
although the required time for these measurements is far too
long for a combinatorial screening method.
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AFM images of the P1/PCBM 1/1 blend reveals a rough film
with R, of 17 nm (Figure 6a), which is also reflected in the
results from the interferometric profiler. Inkjet printing of the
PPE-alt-PPV polymer in the mixture with PCBM reveals an
unfavorable morphology by the formation of PCBM clusters
and a strong phase separation of the individual compounds.
This observation is in good agreement with literature.

For the binary polymer/fullerene blends P2/PCBM 1/3
(Figure 6b) and P3/PCBM 1/1 (Figure 6¢c) smooth film
surfaces with R, of 1 nm are obtained. The inkjet printed film of
P2/PCBM reveals different phases in the range of 10 nm,
which is reported to be suitable for active layer morphologies.**

P3/PCBM films prepared by inkjet printing from CB/o-DCB
revealed fibrillar domains of P30T that represent a highly
ordered self-organization of the chains (Figure 6f). Note that
the differences between the domain spacing in Figure 6f (being
approximately 10 nm in the image) and the real distances
between the thiophene crystals (of approximately 1 nm)*® are
screened by the convolution with dimensions of the AFM tip.
The morphology observed for the as-printed film is comparable
to the spin-coated films after annealing or additive addition.***

dx.doi.org/10.1021/c0400006q | ACS Comb. Sci. 2013, 15, 410418
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Figure 6. Atomic force microscopy height images of inkjet printed films of P1/PCBM 1/1 (a), P2/PCBM 1/3 (b), P3/PCBM 1/1 (c), (P1/P3)/
PCBM (2/8)/10 (d), and (P2/P3)/PCBM 4/6/30 (e). Phase image of inkjet printed P3/PCBM 1/1 blend (f).

In the presence of PCBM, polythiophenes typically lose their
chain alignment. As a result, postprocessing annealing methods,
like thermal or solvent annealing, were developed to reorganize
the polythiophene chains into the preferred fibrillar structure,
which result in improved charge transport properties. As shown
here, P3OT reveals self-organized domains in the blend with
PCBM already in the as-inkjet printed films (Figure 6f). The
reasons for the differences in film formation characteristics are
explained by the use of the different film preparation techniques
as well as processing solvents. When using conditions that
cause a slow film drying, for example, by inkjet printing or by
using the high boiling solvent chlorobenzene, the polythio-
phene chains may form highly ordered structures already
during drying of the film. In contrast, when the drying proceeds
too fast, for example, by using spin-coating or the low boiling
solvent chloroform, the formation of the thermodynamically
preferred crystalline polythiophene phases cannot take place.
AFM measurements of the ternary blends (P1/P3)/PCBM
(2/8)/10 (Figure 6d) and (P2/P3)/PCBM (4/6)/30 (Figure
6e) revealed smooth (surface roughness R, = 1 nm) and well
mixed layer morphologies. The typical main chain crystals of
the P30T, which are observed in the binary P3/PCBM blend,
were not observed in the ternary blend films. This is in
agreement with the findings of the absorption spectra of the
(P2/P3)/PCBM blend, where only weak signals were found,
which correspond to the P30T interchain interactions. The
band structure of P3 was observed in the absorption spectra of
both binary blends, P1/P3 2/8 and P2/P3 4/6. Hence
interchain interactions of P3 should also occur in polymer/P3
blends. As a result, the interruption of the self-organization of
P30T is only observed in the ternary blend film. Although
improved absorption characteristics of the ternary blend films
are observed, morphological investigations reveal an unpre-
ferred P30T morphology in comparison to the binary P30T/
PCBM mixture. To answer the question whether the successful
mixing of two polymers with PCBM in a ternary blend reveals
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an enhanced photon harvesting, solar cell characteristics need
to be measured, which will be executed in the future.

Since not only optical film characteristics but also
morphological properties are important for an evaluation of
promising donor/acceptor blends for solar cells, the combina-
torial screening workflow presented here can only reduce the
amount of samples to be tested, but cannot provide a selection
of one best donor/acceptor combination. Since morphological
investigations represent a serious bottleneck for a fast and
efficient screening procedure, the combinatorial screening
workflow, which allows to identify promising formulations
and reveals a reduction of the amount of samples, is of high
importance.37

Bl CONCLUSIONS

We have demonstrated that the mixing of conjugated polymers
represents a straightforward strategy for improving the
absorption of the active layers for organic solar cells. An
experimental setup for a combinatorial screening was presented
here to investigate the absorption behavior of polymer/polymer
blends in solution and films. The used polymers include
poly(phenylene-ethynylene)-alt-poly(phenylene-vinylene)
(PPE-alt-PPV), poly(diketopyrrolopyrrole-alt-fluorene) (P-
(DPP-alt-F)), and poly(3-octylthiophene) (P30T). An opti-
mum absorption spectrum was found when mixing the
compounds P(DPP-alt-F) and P3OT in a ratio of 4/6, while
a quenching optimum was revealed when using a polymer/
PCBM ratio of 1/3.

This ternary blend was found to cover a large absorption
spectrum from 350 to 750 nm. Inkjet printing enabled a
homogeneous film formation as well as a successful
combinatorial screening of thin film properties of various
compounds and blends for possible solar cell applications that
lead to important structure—property-relationships. The next
steps include the investigations of the inkjet printed active
layers for their solar cell activity and the measurements of the
resulting power conversion efficiencies.
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B EXPERIMENTAL PROCEDURES

Materials. The polymers poly(phenylene-ethynylene)-alt-
poly(phenylene-vinylene) (PPE-alt-PPV) P1 (M, = 10,200
gmol™, M, = 39,400 gmol™', PDI = 3.86) and poly-
(diketopyrrolopyrrole-alt-fluorene) (P(DPP-alt-F)) P2 (M, =
26,000 g-mol_l, M,, = 56,000 g~mol_l, PDI = 2.15) were
synthesized as described elsewhere.'** Poly(3-octylthiophene)
(P30T) P3 (M, = 34,500 g-mol™'), mono(1-[3-
(methoxycarbonyl)propyl]-1-phenyl)-[6,6]Cs; (PCBM), the
used solvents chlorobenzene (CB) and ortho-dichlorobenzene
(o-DCB) were purchased from Sigma-Aldrich (Steinheim,
Germany) and were used without further purification. The
polymers were dissolved in the required ratios in a solvent
mixture of CB and o-DCB with a concentration of 0.8 wt % and
0.5 wt %, respectively, which is known to show a stable droplet
formation and enables a homogeneous thin-film formation of
such polymers*®*® For the ternary blends, the fullerene
derivative was added to the polymer mixtures by using a
constant polymer concentration. The solutions were filtered
before printing (pore size 1 ym) to prevent nozzle clogging.
Glass slides (3 X 1 in.) were used as substrates and cleaned
before printing by first rinsing with iso-propanol and
subsequent drying with an air flow.

Instrumentation. UV—vis absorption and emission meas-
urements of the blend solutions and films were carried out with
a FLASHScan 530 (Analytik Jena, Jena, Germany) UV—vis
plate reader. Inkjet printing was carried out with an Autodrop
system from microdrop Technologies (Norderstedt, Germany).
The printer was equipped with a piezo-based micropipette
printhead with an inner diameter of 70 ym. A voltage of 70 V
and a pulse length of 35 ps revealed a stable droplet formation
for all inks in the solvent CB/o-DCB. The printing speed was
set to 20 mm-s™" for all experiments.

Surface topography and film thicknesses were measured with
an optical interferometric profiler Wyko NT9100 (Veeco,
Mannheim, Germany). Atomic force microscopy (AFM)
measurements were performed in tapping mode with a NTegra
Aura (NT-MDT, Moscow, Russia) on selected polymer/
polymer/fullerene blends.
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All inkjet printed piezoelectric actuators based on poly(vinylidene fluoride-co-trifluoroeth-
ylene) (P(VDF-TrFE)) for applications as pump actuators in microfluidic lab-on-a-chip sys-
tems (LOC) are manufactured and investigated in terms of their morphology and actuator
performance. Furthermore, a pump demonstrator with an all-printed P(VDF-TrFE) actuator
is characterized here for the first time. The actuators are manufactured in a fully additive
and flexible way by successive inkjet printing of a P(VDF-TrFE) film sandwiched between
two silver electrodes on a polyethylene terephthalate (PET) substrate. Different from most
current micropumps where actuator elements are fabricated separately, no additional join-
ing step is required in the manufacturing approach employed here. Actuator performance
is investigated by measurements of piezoelectric ds; coefficients as well as remanent polar-
ization P, for different thermal treatments of the as-printed P(VDF-TrFE) films. A strong
dependence of the device performance on the annealing temperature is found with maxi-
mum values for ds; and Prer, of approximately 10 pm V~! and 5.8 uC cm 2, respectively.
Morphology investigations of the printed films by differential scanning calorimetry
(DSC), X-ray diffraction (XRD) and Atomic Force Microscopy (AFM) indicate an increased
degree of crystallinity of the piezoelectric B-phase for samples annealed at temperatures
above 110 °C, which coincides with improved device performance. A basic pumping func-
tion with pump rates of up to 130 pL min~! is demonstrated, which is promising for future
applications in LOC. Furthermore, the process chain and characterization presented here
can be employed to design and manufacture also other P(VDF-TrFE)-based devices and
allows the combination with additional printed on-chip functionalities in future LOC.

© 2014 Elsevier B.V. All rights reserved.
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1. Introduction material deposition on large areas. Digital printing technolo-

gies, like drop-on-demand inkjet, do not require any masking

The fields of organic and printed electronics have
attracted increased research interest within the past 15 years
due to their abilities of cost-effective manufacturing and
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and can realize fully additive, non-contact processing [1-3].
Manufacturing is compatible with low-cost flexible polymer
substrates and can be performed either sheet-based or, in
particular for large area printing also using roll-to-roll pro-
duction lines [4,5]. Various functionalities have been realized
using printing technologies, including radio-frequency
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identification antennae, transistors, organic light-emitting
diodes, organic photodiodes, organic photovoltaics and
memory devices [6]. Furthermore, pyroelectric sensors [7]
as well as piezoelectric pressure sensor networks [8] have
been prepared using printing technologies.

Microfluidic lab-on-a-chip systems (LOC) are a promis-
ing field of application of organic and printed electronics.
These systems are also termed miniaturized total analysis
systems and integrate biological or chemical microreac-
tions on compact chips [9]. Fluidic paths or channels are
often structured into a glass or polymer substrate and
sealed with a polymer cover foil. LOC are often designed
as single-use, disposable chips to avoid contamination.
Furthermore, the long-term stability requirements are rel-
atively low in disposable LOC compared to systems that are
designed for extended use. In order to keep the manufac-
turing costs low, the chips can be manufactured using
polymer materials and cost-effective replication tech-
niques [10]. When further on-chip functionalities are
desired, low-cost manufacturing and low processing tem-
peratures are essential, which hinders the use of conven-
tional lithography-based electronics manufacturing
techniques.

Defined fluid transport represents a key issue in LOC
and is often realized using external pumps. To avoid sepa-
rate equipment, various micropumps that are suitable for
on-chip integration have been demonstrated [11,12]. They
are frequently designed as reciprocating membrane
pumps, in which a periodic membrane movement creates
a volume change that leads to a fluid flow in combination
with inlet and outlet valves. Membranes are often actuated
by piezoceramic lead zirconate titanate (PZT) actuators
[13], but also electroactive polymer actuators have been
employed, e.g. ionic polymer-metal composites [14] or
piezoelectric polymers [15]. The actuators are typically
mounted on the pump membrane in a separate joining
step, which results in increased manufacturing costs.

In this contribution, all inkjet printed polymer actua-
tors based on piezoelectric poly(vinylidene fluoride-co-
trifluoroethylene) (P(VDF-TrFE)) that are suitable for
pump actuation in LOC are presented. The actuators are
printed on a polyethylene terephthalate (PET) substrate
and consist of a sandwich of two printed silver electrodes
and a P(VDF-TrFE) film. After printing each layer, an
annealing or sintering step is required. Compared to most
current micropumps where an actuator is mounted on a
pump membrane, this separate joining step is avoided
in the all-printed manufacturing approach described here.
In a previous publication we described the basic manufac-
turing process of the actuators and reported the piezo-
electric ds; coefficient for inkjet printed P(VDF-TrFE)
actuators for the first time. Moreover, studies of static
and dynamic actuator deflection as well as the device sta-
bility were described [16]. However, a deeper insight into
the underlying morphological changes within the P(VDF-
TrFE) films during printing and subsequent annealing
steps is crucial in order to control and improve the actu-
ator behavior and, hence, the performance of the
micropump.

It is well-known that an annealing step is required for
solution-processed P(VDF-TrFE) films to reach a high

degree of crystallinity of the piezoelectric B-phase, which
is necessary for significant piezoelectric behavior [17-
19]. Moreover, the influence of annealing, polymer com-
position and mechanical stretching on morphology has
been widely studied [17]. The first investigations of
screen-printed piezo- and pyroelectric P(VDF-TrFE) sen-
sors were published by Zirkl et al. [7,8]. The first direct
correlations between annealing temperature, film mor-
phology and remanent polarization of P(VDF-TrFE) films
were reported by Mao et al. [20,21]. The authors
observed a high degree of crystallinity of the piezoelec-
tric B-phase and large P, values for films that were
annealed above the Curie temperature of approximately
110°C, but below the melting temperature of P(VDF-
TrFE) of approximately 150 °C. Annealing above the melt-
ing temperature lead to a degraded B-phase and reduced
polarization. However, it should be noted that the films
investigated by Mao et al. were processed by spin-coat-
ing, which is known to yield different morphologies
compared to inkjet printing, as known from other poly-
meric systems [22]. Up to now, a detailed study on the
relationship between morphology and the piezoelectric
behavior of inkjet printed P(VDF-TrFE) films has not
been reported.

Therefore, the influence of the thermal annealing of
printed P(VDF-TrFE) films on the morphology and the
resulting device performance is investigated in this
contribution. For that purpose, P(VDF-TrFE) actuators are
subjected to different thermal treatments. The electrome-
chanical as well as electrical device performance is studied
by actuator deflection measurements and ferroelectric hys-
teresis measurements, respectively. The influence of the
thermal annealing on the piezoelectric ds; coefficient as
well as the remanent polarization P, is extracted from
those measurements. Results are compared to morphology
investigations of the P(VDF-TrFE) films by differential scan-
ning calorimetry (DSC), X-ray diffraction (XRD) and Atomic
Force Microscopy (AFM). Furthermore, a membrane pump
with an inkjet printed P(VDF-TrFE) actuator is character-
ized here for the first time.

2. Experimental
2.1. Materials

The actuators were printed onto biaxially oriented PET
substrates (Goodfellow GmbH, Germany, 125 um thick-
ness, upper working temperature 140 °C). A P(VDF-TrFE)
film sandwiched between two silver electrodes was subse-
quently inkjet printed, leading to a unimorph actuator
setup with one active layer on a passive substrate. Inkjet
printing was performed using a 2 wt% solution of P(VDF-
TrFE) (VDF:TrFE ratio of 70:30 wt¥%, Solvay Specialty Poly-
mers Italy S.p.A.) dissolved in cyclopentanone. Bottom
and top electrodes were printed using two commercial sil-
ver nanoparticle dispersions in tetradecane (NPS-JL, Har-
ima Chemicals, Inc., Japan, solid content 55 wt%) and in a
mixture of ethanol and ethylene glycol (CCI-300, Cabot
Corp., USA, solid content 20 wt%), respectively. A detailed
process description is provided in Ref. [16].
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Pump substrates were manufactured by milling in a
polishable aluminum alloy (RSA 905). The cylindrical
pump chamber had a diameter of 15 mm and a depth of
0.5 mm, while the channels had a width of 3 mm and a
depth of 0.5 mm. After milling, the channel and pump
chamber surface were polished manually in order to
achieve a low surface roughness and, thus, good wetting
behavior in the channels.

2.2. Inkjet printing and post-processing

Bottom and top electrodes were printed using a com-
pact inkjet deposition system (Omnijet 100, Unijet Co.,
Ltd., South Korea) and 10 pL printing cartridges with
16 nozzles (DMC-11610, Dimatix Fujifilm Inc., USA). After
printing, the electrode layers were dried and sintered using
a thermal treatment in a convection oven (60 min, 100 °C)
followed by a low-pressure argon plasma exposure
(30 min, 240 W, 50 kHz generator). This procedure leads
to successful sintering of the silver nanoparticles and is
compatible  with  temperature-sensitive  polymer
substrates. The P(VDF-TrFE) films were printed using a
custom inkjet deposition setup, 80 pL printheads with
256 nozzles (Dimatix Nova 256/80, controlled by Apollo
I printhead support kit) and a six-axis robot as a position-
ing system (KR 5, Kuka Roboter GmbH, Germany). In total,
100 layers were printed to achieve a P(VDF-TrFE) film
thickness of approximately 9 pm. The as-printed films
were annealed in a convection oven for 24 h at different
temperatures. In order to study the effect of the annealing
step on actuator performance and morphology, ten tem-
perature profiles with maximum temperatures between
95 °C and 145 °C were tested. Heating and cooling rates
of 0.8 K min~' were employed. For all temperature profiles,
the effect of the plasma sintering step applied to top
electrodes on actuator performance was studied. For that
purpose, also samples with exclusively thermally sintered
top electrodes were characterized.

Measurements of actuator deflection were run with
cantilever bending beam actuators with a designed active
area of 4 x 15 mm?. Square test pads with an active area
of 3 x 3 mm? were used for ferroelectric hysteresis mea-
surements. For demonstration of a pumping function, cir-
cular membrane actuators with a membrane diameter of
15 mm were manufactured. Fig. 1 shows photographs of
the bottom electrodes for ferroelectric test pads (a), canti-
lever bending beam actuators (b) as well as readily pro-
cessed samples (c). In order to realize a cantilever beam
fixed at one end, cantilever actuators were mounted on
microscopic glass slides using cyanoacrylate adhesive.
Fig. 1d-f shows membrane actuators after printing the bot-
tom electrode (d), the P(VDF-TrFE) layer (e) and fully pro-
cessed actuators (f).

The calorimetric and morphological investigations (DSC,
XRD and AFM) were performed on P(VDF-TrFE) films that
were printed on metallized microscopic glass slides (soda-
lime glass, VWR International GmbH, metallized with sput-
tered Ti/Pt/Au) to ensure easy removal of the P(VDF-TrFE)
films for DSC characterization and to avoid signals associ-
ated to residuals of the metal electrodes. These samples
underwent similar thermal treatments that were applied
for the top electrodes und were poled electrically by placing
an aluminum-coated polypropylene film (PP, Goodfellow
GmbH, thickness 8 pum) on top of the printed P(VDF-TrFE)
as a top electrode.

A pump demonstrator was assembled by mounting a
PET cover foil with a printed membrane actuator on top
of a milled RSA 905 substrate using cyanoacrylate
adhesive.

2.3. Characterization

The piezoelectric ds; coefficients of printed P(VDF-TrFE)
films were derived from static deflection measurements of
cantilever actuators. The deflection of the cantilever tip was
measured using a laser triangulation sensor (LK-G10,

Fig. 1. Test structures for investigation of the performance of inkjet printed P(VDF-TrFE) actuators: (a) bottom electrodes for ferroelectric test pads,
cantilever actuators (b) and (c) fully processed samples before characterization. Membrane actuators for micropump demonstrator after printing (d) the
bottom electrode, (e) the P(VDF-TrFE) layer and (f) fully processed membrane actuators.
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Keyence Corp., Japan), while defined voltages were applied
by a high-voltage amplifier (2220CE, Trek Inc., USA). From
the cantilever deflection at a driving voltage of 400V, the
piezoelectric d3; coefficient was calculated by an analytical
model for voltage-dependent cantilever deflection. Details
on poling, measurement procedure, material properties
used and the analytical model can be found in reference
[16]. Ferroelectric hysteresis measurements were per-
formed using a commercial ferroelectric characterization
setup (EasyCheck 300, Aixacct GmbH, Germany) and the
same high-voltage amplifier that was used for deflection
measurements. Maximum voltages of 600 V were applied
at a frequency of 0.05 Hz and measurements were repeated
five times. The values of remanent polarization P, were
extracted from all measurements. An example of a mea-
surement curve is provided in Supporting Information
Fig. 1. For each temperature profile, at least five cantilever
actuators and ferroelectric test pads were characterized.

XRD measurements were performed at room tempera-
ture using a Bruker D5005 (Bruker, Karlsruhe, Germany)
diffractometer (1 =0.154 nm, step size 0.03°, integration
time 2 s, geometry theta-2 theta).

Calorimetric measurements were carried out on a DSC
204 F1 Phoenix (Netzsch, Selb, Germany) in a temperature
range between —20 and 200 °C after carefully removing
the polymer film from the metallized glass slide with a
razor blade. The DSC heating and cooling rates were
10 K min~! for all measurements. The morphology of the
inkjet printed P(VDF-TrFE) films was investigated by
Atomic Force Microscopy (AFM) on an NT-MDT Solver
(NT-MDT, Moscow, Russia) in tapping-mode, using JPK
NSC35 tips with a radius of >10 nm. The denoted sizes
were estimated from line scans of at least 30 objects.

Flow rate measurements of the pump demonstrator
with an inkjet printed P(VDF-TrFE) membrane actuator
were performed by video analysis. Videos were recorded
during operation of the pump and the volume change per
time was derived from selected still images and the corre-
sponding time difference. During measurements, the pump
demonstrator was mounted on a rotation stage. The back-
pressure was calculated based on the fluid volume in the
setup, angle-dependent normal force component and the
cross-sectional channel area. As a pumping medium,
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isopropanol was selected due to its good wetting behavior
on the metallic pump substrate and the PET cover foil.

3. Results and discussion
3.1. Electromechanical characterization

Fig. 2 shows the d3; coefficients that were derived from
static deflection measurements for different annealing
temperatures. Deflections in the range of 12-160 pm were
observed, which corresponds to ds; coefficients between
approximately 0.8 pmV~! and 10 pm V~!. Maximum val-
ues were obtained for samples annealed at 140°C and
are in good accordance with literature values for other
P(VDF-TrFE) films [23]. A strong temperature-dependence
of d3; with a critical temperature of approximately 110 °C
is visible. Samples annealed below 110 °C exhibit very low
electromechanical coupling with ds; coefficients between
0.8pmV~! and 3 pmV~!. For samples annealed above
110 °C, significantly higher deflections and ds; coefficients
between 5pmV~! and 10 pmV~' were measured. This
observation agrees with other investigations of tempera-
ture-dependence of the crystallinity of the piezoelectric
B-phase [24]. For an annealing temperature of 145 °C,
lower ds; coefficients were observed than for an annealing
temperature of 140 °C. Possible reasons for this behavior
are thermally induced deformations of the PET substrate
at this annealing temperature, as 145 °C is slightly outside
the recommended range of application temperatures of the
PET substrate [25].

An argon plasma treatment of the top electrodes leads
to higher d3; coefficients compared to samples that were
solely heat-treated. An average increase of 1.6 pmV~!
was measured. Furthermore, the influence of the tempera-
ture ramps applied during heating up and cooling down of
the samples was studied very briefly for cantilever actua-
tors annealed at 130°C. Apart from the gradient of
0.8 Kmin~! that was applied for all samples, also a lower
gradient of 0.3 Kmin~! was investigated and lead to an
increase in ds; of approximately 1.7 pmV~! (plotted as
unfilled squares in Fig. 2). Standard deviations in the range
of 3-20% were obtained during the measurements with an
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Fig. 2. Piezoelectric ds; coefficients for different thermal treatments of inkjet printed P(VDF-TrFE) films. d3; values were obtained from static cantilever
deflection measurements using an analytical model. Films with pure thermal treatment (a) as well as a combined thermal and plasma sintering of the top

electrodes (b) were investigated.
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average value of 12%. These are assumed to be mainly due
to the manual mounting process of the cantilever actuators
on glass slides which can lead to varying clamping condi-
tions as well as to the positioning of the measurement spot
on the sample.

3.2. Ferroelectric hysteresis measurements

Fig. 3 plots the remanent polarization P, for different
temperature profiles. Samples that were solely heat-treated
(Fig. 3a) exhibit a clear dependency of P, on annealing
temperature with low Per, of less than 1 uC cm~2 for sam-
ples annealed below 110 °C and significantly higher values
between 4 uC cm 2 and 5.2 pC cm~2 for samples annealed
above 110 °C. Similar to the investigations of the d3; coeffi-
cient, maximum values were measured on samples
annealed at 140 °C. Samples with argon plasma sintered
top electrodes (see Fig. 3b) exhibit in average 1.4 pC cm—2
higher P.., values than solely heat-treated samples with
maximum values of up to 5.8 uC cm~2. Standard deviations
of the ferroelectric hysteresis measurements were small
with average values of 0.2 uC cm2 for solely heat-treated
samples and 0.3 pC cm~2 for plasma-treated samples. In
general, the P, values determined in this work compare
well with literature values [21] and demonstrate the appli-
cability of inkjet printing as a processing technique for
P(VDF-TrFE) films. For further information, the correspond-
ing values of the maximum polarization P,,,x are provided
in Supporting Information Fig. 2.

From the measurements of the piezoelectric coupling
coefficient d3; and the remanent polarization Py, for dif-
ferent annealing temperatures it can be concluded that
annealing of the as-printed P(VDF-TrFE) films should be
performed at temperatures of at least 110 °C to obtain a
distinct piezoelectric behavior. This temperature range is
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typical for obtaining a high degree of crystallinity in the
P(VDF-TrFE) copolymers that were used [19,24].

3.3. Structure and morphology

In order to study the structure and morphology of the
actual inkjet printed films in this contribution, three sam-
ples that were exposed to different thermal treatments
were selected and investigated in detail by differential
scanning calorimetry (DSC), X-ray diffraction (XRD) and
Atomic Force Microscopy (AFM). Two solely heat-treated
samples annealed at 95 and 145 °C were characterized.
Furthermore, one sample was annealed at 130 °C and sub-
jected to argon plasma sintering of the top electrode.
Table 1 lists the ds; coefficients, remanent polarization val-
ues Pm, and important morphological information that
were obtained for those samples.

3.3.1. Thermal behavior

Fig. 4 shows the first DSC heating runs of the as-printed
and thermally annealed P(VDF-TrFE) films between 80 and
160 °C. The as-printed film will be discussed as a reference
sample in here. All curves show two distinct endothermic
peaks with maxima at 105 and 150 °C, respectively. It is
generally accepted that the first peak at around 105 °C cor-
responds to the phase transformation of the ferroelectric -
crystals into the paraelectric a-modification, also known as
the Curie transformation temperature [26,27]. Note that
this peak is relatively broad in the as-printed reference
sample. It becomes more distinct after an additional
annealing step at 95 °C, which is slightly below the peak
phase transition temperature. A similar effect was
observed by Barique and Ohigashi [28] in solvent-cast
films and was explained by the transformation of chain
segments in the crystalline parts of the polymer from
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Fig. 3. Remanent polarization Pyen, for different thermal treatments of inkjet printed P(VDF-TrFE) films.

Table 1

Overview of piezoelectric coupling coefficients ds;, remanent polarization values P, and important morphological information after different annealing

conditions of the inkjet printed P(VDF-TrFE) films.

Sample Treatment d3; (pmV~1) Prem (UC cm™2) Morphology from AFM Domain size (nm)
A 95°C 0.8 +0.04 0.1+0.01 Rod-like 21+7

B 130 °C + Ar plasma 8.0+0.2 5.8+0.1 Globular 63+24

C 145 °C 6.6+0.4 43+04 Globular 138 £ 62
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Fig. 4. DSC plots of the inkjet printed P(VDF-TrFE) films for different
thermal treatments after the first heating run. The dashed line represents
the peak melting temperature of the as-printed reference sample and the
tics on the curves point to the maxima of the first endothermic peak. All
curves are shifted for better visibility.

gauche defects into the all-trans configuration, which is
present in B-crystals. Our results here denote an analogous
behavior for the inkjet printed films.

At higher annealing temperatures of 130 and 145 °C,
three main features can be deducted from the first DSC
heating scans. (i) The Curie transition peak is much broader
compared to the one obtained at an annealing temperature
of 95 °C. This is a somewhat expected finding, since the
annealing was performed in a temperature range where
the o-phase is stable, which is known to exhibit a
gauche-trans chain configuration [29]. Thus, defect healing
into an all-trans chain configuration, as observed in the
case of the 95 °C-sample, is not favorable. (ii) The Curie
transition temperature peaks, with their maxima at
108 °C, are shifted to slightly higher temperatures com-
pared to the as-printed reference sample (104 °C). This
effect might be explained by the different crystallization
conditions of the samples. In case of the as-printed sample,
the polymer crystallization is mainly determined by drying
of the inkjet printed film (and, thus, depends on the ink
formulation and the printing temperature). In case of the
samples annealed at 130 and 145 °C, the crystallization
and phase transformation processes are expected to
depend strongly on the cooling rate after annealing. Since
the cooling rate was kept comparable at 0.8 Kmin~! for
all annealed samples, this also explains the similar Curie
transition peak temperatures. (iii) The endothermic peak
at around 150 °C, which is attributed to the melting of
the P(VDF-TrFE) crystals, shifts to higher temperatures
upon annealing between the Curie transition temperature
and the peak melting temperature (148.3, 149.4 and
151.1°C for the as-printed, 130°C and 145 °C-sample,
respectively).! The higher melting temperatures observed

! The results of the second DSC heating run, after deleting the thermal
history of the sample, showed similar melting peak temperatures at
151.8 £ 0.2 °C for all of the investigated samples. As a consequence, we
expect the shift of the endothermic peak that was observed during the first
DSC heating run to be an effect from the thermal treatment and not a
measurement error. The interested reader shall be referred to the corre-
sponding DSC scans in Supporting Information Fig. 3.

in the first DSC heating runs indicate the formation of larger
crystals during annealing at 130 and 145 °C (Gibbs-Thom-
son effect) [30]. The higher melting temperatures hint to a
morphological rearrangement during the annealing at tem-
peratures where the crystals are partly molten [31]. How-
ever, in order to approve this, additional results from XRD
and AFM are necessary, which will be presented in the
following.

3.3.2. X-ray diffraction

The results from XRD measurements of the three differ-
ent samples are plotted in Fig. 5. A distinct Bragg peak at
20 =19.9° (spacing of 0.45 nm) can be observed for all sam-
ples. This peak is attributed to the (110) and (200) reflexes
of the ferroelectric B-phase (110/200); [32]. The broad
halo at 260=17.1° in the sample that was annealed at
95 °C is interpreted as scattering from amorphous regions
within the polymer. However, it should be noted that its
maximum is close to literature values of the (110/200),,
reflexes of the paraelectric a-phase [27,32,33]. This may
point to different polymorphic forms of the P(VDF-TrFE)
copolymer crystals that can be found in these inkjet
printed films after treating the sample at 95 °C for 24 h.
At higher annealing temperatures of 130 °C, the intensity
of the amorphous halo significantly decreases and the
intensity of the (110/200); reflex increases. This clearly
points to a structural rearrangement induced during
annealing at 130 °C, leading to the formation of B-crystals
after cooling to room temperature. The small shoulder
observed at 20 =18.3° (spacings of 0.48 nm) might be
interpreted as reflexes from other polymorphic crystals.
However, this shoulder is not observed any more after
annealing at 145 °C and the area under the reflex increases.
Thus, we expect a higher degree of crystallinity after an
annealing treatment at this temperature.

3.3.3. Atomic force microscopy

Fig. 6 displays AFM phase contrast images of the as-
printed reference sample (a) and the films after a thermal
treatment at 95 °C, 130°C and 145 °C (b)-(d). Without

Intensity (shifted)
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E (para(110/200),,)

ferro(110/200),

10 12 14 16 18 20 22 24
Scattering angle 20 (°)

Fig. 5. XRD plots for different thermal treatments of the inkjet printed
P(VDF-TrFE) films. For higher annealing temperatures, (110/200),
reflexes of the ferroelectric B-phase become more pronounced and the
signals from the amorphous regions are decreasing. All curves are shifted
for better visibility.
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Fig. 6. AFM phase images for as-printed (a) and annealed P(VDF-TrFE) films (b)-(d). The scale bar represents 100 nm for all samples except (d) T, = 145 °C

(200 nm).

annealing, the surface exhibits rod-like structures with a
diameter of 21.0 £6.9 nm which are typical for P(VDF-
TrFE) crystals [21]. After annealing at low temperatures
of 95 °C, similar features were observed, with the crystal-
line domains having comparable diameters
(21.2+6.9nm). The morphology significantly changes
after annealing above the Curie transition temperature,
as can be seen for the samples annealed at 130°C
(Fig. 6¢) and 145 °C (Fig. 6d). Both samples exhibit distinct
crystal thickening and the morphology changes from rod-
like to globular structures. Thus, it is expected that these
annealing conditions are not only providing sufficient ther-
mal energy to transform the crystals into the a-phase, but
also to generate far-reaching changes in the overall mor-
phology. The crystal thickening becomes even more prom-
inent after annealing at 145°C, where the observed
crystalline regions are much larger (>100 nm) compared
to the other investigated films. This effect might result
from two circumstances. Firstly, higher temperatures
increase the polymer chain mobility, which accelerates
the defect healing process and thus leads to larger crystal-
line domains. Secondly, the polymer is partly molten at an
annealing temperature of 145 °C (cf. DSC data in Fig. 4).
Smaller P(VDF-TrFE) crystals are not stable at 145 °C and,
hence, either melt and recrystallize upon cooling or the
chains attach to the larger P(VDF-TrFE) crystals that obtain
a higher melting temperature [31]. The presence of a partly
molten state might further promote an accelerated defect
healing.

The provided data from DSC, XRD and AFM give consis-
tent information about the morphological development of
the inkjet printed P(VDF-TrFE) films during annealing. At
an annealing temperature of T, =95 °C (below the Curie
temperature), the overall topological morphology remains
similar to the as-printed reference; revealing rod-like crys-
talline domains that are typical for B-phase crystals [21].
Defect healing is thereby localized and limited to the trans-
formation of gauche-defects in the B-phase crystal, leading
to a slightly higher Curie temperature. This thermal treat-
ment lead to samples that revealed only low piezoelectric
ds; coefficients and remanent polarization P..,. Annealing
between the Curie transition temperature and the onset-
melting temperature (T,=130°C) changes shape of the
crystalline domains from rod-like to globular. Further-
more, the DSC peak and offset melting temperatures
increase which indicates the existence of larger crystals
that are formed during annealing and XRD measurements

point to a higher crystallinity compared to the sample
annealed at 95°C. Higher annealing temperatures
(T, =145 °C) lead to further crystal thickening. These char-
acteristic changes in morphology coincide with signifi-
cantly higher piezoelectric d;; coefficients and remanent
polarization P,., compared to samples annealed at 95 °C.
Unfortunately, it is hard to estimate the absolute crystal-
linity of these samples by DSC and XRD. Due to the high
polarity of the samples and the resulting electrostatic
interactions with the DSC pan, we cannot assure complete
thermal contact between sample and the measurement
device and only interpret the temperature position of the
endotherms. In case of the XRD, it is difficult to clearly sep-
arate the signals from the crystalline and amorphous phase
from the scattering pattern in these samples. This might be
the reason that, alternatively, the intensity of the (110)/
(200) reflexes in the XRD patterns are discussed in terms
of higher or lower crystallinities in literature [21].

For an actual application of the actuators, the annealing
temperature has to be chosen considering both device per-
formance as well as thermal stability of the substrate
materials. The PET substrates used in this work exhibit
an upper working temperature of approximately 140 °C
[25], which is relatively high compared to other technical
polymer substrates like e.g. PMMA. If temperature-
sensitive substrates are required for specific applications,
a trade-off between high actuator performance and low
processing temperatures has to be made.

3.4. Demonstration of pumping function

Based on the investigations on actuator performance, a
basic pump demonstrator was manufactured. Fig. 7a and b
shows photographs of the demonstrator. It consists of an
aluminum alloy (RSA 905) as a substrate into which a
pump chamber, an inlet and an outlet channel as well as
passive nozzle/diffuser valves were milled. For a first
pumping demonstration, a metallic substrate was chosen
because it can be easily cleaned and used several times
with different actuators. However, the design is compatible
with polymer replication techniques like hot embossing or
injection molding that are commonly used for microfluidic
lab-on-a-chip systems [10]. On top of the substrates, an
inkjet printed membrane actuator was mounted. The
pump is setup as a reciprocating membrane pump, in
which the volume change caused by cyclic driving of the
actuated membrane leads to a net fluid flow due to the
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Fig. 7. Pump demonstrator with an inkjet printed P(VDF-TrFE) membrane actuator (a) and (b). Pump rate with respect to backpressure (c) and frequency-
dependent pump rate (d). For quasi-static driving, pump rates of up to 130 pL min~! were obtained.

valves [13]. The characteristic dimensions of the valves
were chosen based on typical values for passive nozzle/dif-
fuser valves by Olsson [13]. As the goal of this study was
the demonstration of a basic pump function, no elaborate
optimization of the fluidic design was performed. In order
to keep the annealing temperatures significantly below the
recommended working temperatures of the PET sub-
strates, annealing of the printed P(VDF-TrFE) films was
performed at a temperature of 130 °C. Top electrodes were
sintered using a combined thermal and argon plasma
treatment.

Fig. 7c plots the pump rate that was measured on the
pump demonstrator with respect to backpressure. With
large voltage amplitudes in the range of 700-900 V, pump
rates of up to 130 pL min~! at zero backpressure and a
driving frequency of 30 Hz were observed. Such pump
rates are promising for applications in on-chip reactions
[34], which demonstrates the applicability of inkjet printed
P(VDF-TrFE) actuators for pumping applications in LOC. A
linear decrease of pump rate with increasing backpressure
was observed (R? = 0.98). The maximum backpressure for a
driving voltage of 900 V was 56 Pa. The dependencies of
both maximum backpressure and pump rate on driving
voltage were approximately linear for the voltage range
that was investigated. A video file that shows the operation
of the micropump demonstrator is provided as Supple-
mentary Material along with the online version of this
manuscript. Fig. 7d displays the dependency of pump rate

on driving frequency for a voltage amplitude of 700 V. The
curve exhibits a parabolic shape with an optimum at a fre-
quency of 30 Hz. For lower frequencies, the duration of one
pumping cycle allows a relaxation of the fluid flow, as
described by Woias [35]. The author also stated that for
larger driving frequencies, insufficient relaxation and
energy losses due to e.g. squeeze film damping can lead
to a reduction in flow rate [35]. The optimum frequency
range depends on the geometries of the valves, fluid chan-
nels as well as on the mechanical properties of the pump
membrane.

For driving voltages below 600 V, however, no signifi-
cant pump rate was observed. The reason for this is
believed to be the function of the nozzle/diffuser valve
design in this work. For low volume changes or flow gradi-
ents associated to lower driving voltages, the direction
sensitivity of the passive valves is obviously too low to
generate a directed fluid flow. Furthermore, larger back-
pressures than the ones realized so far would be beneficial.
An optimization of the valve design is therefore necessary
to generate significant pump rates also at reduced driving
voltages, larger driving frequencies as well as larger back-
pressures, which is planned in future work.

4. Summary and outlook

The actuator performance and morphology for different
thermal treatments of all inkjet printed P(VDF-TrFE)
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actuators were investigated here for the first time. The
actuators consist of a printed P(VDF-TrFE) film sand-
wiched between two silver electrodes on a PET substrate.
The device performance was characterized by deflection
measurements of cantilever actuators and ferroelectric
hysteresis measurements in order to estimate the piezo-
electric ds; coefficient and the remanent polarization Pem,
respectively. A strong dependence of both d3; and Per,, On
the annealing temperature used during the post-process-
ing step for the as-printed P(VDF-TrFE) films was found.
Enhanced piezoelectric behavior was observed for anneal-
ing temperatures above 110 °C, with maximum values for
ds; =10 pm V™! and Peep, = 5.8 pC cm 2. The structure and
morphology of printed P(VDF-TrFE) films were investi-
gated by DSC, XRD as well as AFM measurements. The
results indicate an increased crystallinity as well as larger
crystalline domain sizes for samples annealed at higher
temperatures. Crystal thickening becomes pronounced at
temperatures above 110°C, which coincides with an
improved actuator behavior. This underlines the strong
impact of structure and morphology on the electrome-
chanical behavior of P(VDF-TrFE). These findings can be
used as a guideline for designing printed actuators based
on P(VDF-TrFE) and for selecting appropriate combina-
tions of processing temperatures and polymer substrate
materials.

As a proof of concept, the first micropump with an
inkjet printed P(VDF-TrFE) actuator was presented here.
The pump is designed as a reciprocating membrane
pump with passive nozzle/diffuser valves. Pump rates of
up to 130 uLmin~' were realized, which is promising
for applications in lab-on-a-chip systems. However, an
optimization of the valve design is planned in order to
achieve a pumping function at lower driving voltages
and higher driving frequencies as well as higher back-
pressures. Apart from the application as a pump actuator,
the results presented in this contribution demonstrate
the suitability of the suggested manufacturing route for
other P(VDF-TrFE) based devices like pressure sensors
[8] or memory elements [20]. Knowledge about the
parameters that were investigated here is also crucial
for the design of such devices. Furthermore, the process
chain that was established is compatible with the inte-
gration of further functionalities into lab-on-a-chip sys-
tems along with a pumping function. Possible further
printed functionalities include resistive heaters, capaci-
tive detectors or organic light sources or detectors, which
can be used for example for fluorescent detection of on-
chip reactions. The manufacturing approach introduced
here therefore enables cost-efficient function integration
for disposable, polymer-based lab-on-a-chip systems.
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Supporting Information Fig. 2. Maximum polarization Pp,y for different thermal treatments
(a) and combined thermal and plasma treatments (b) of inkjet printed P(VDF-TrFE) films.
Similar trends as discussed for P, can be observed. The values of Py, are in the range of

1 uC cm? to 7 uC cm™.
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Supporting Information Fig. 4. Still image taken from a video that shows the pump
demonstrator during operation. Pumping medium is isopropanol. The video file is available

along with the online version of the manuscript.
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ABSTRACT: The morphology of crystallizable block copolymers can be tuned by controlled crystal thickening. To understand the underly-
ing mechanics and kinetics, we investigated the morphological development of a PB-b-PEO block copolymer during annealing near its melt-
ing point by time and temperature dependent SAXS, WAXS and DSC measurements. Thereby, DSC based PEO crystal thickness distribu-
tions yield qualitative information about the mechanisms during annealing. Conclusions on the kinetics and the absolute long-period growth
due to crystal thickening can be drawn from the SAXS investigations, by calculating the average long-period and its deviations from the SAXS
reflex position and shape, respectively. By this combined study, we identified three annealing regimes: (i) At low annealing temperatures T,
steady lamellae-thickening was found, due to defect healing of the PEO crystals. (ii) Thermal fractionation was observed at intermediate T,
due to the exclusion of shorter PEO chains from the crystals. (iii) Annealing close to and above the peak melting temperature, self-nucleation
of the molten PEO fractions dominates. Long-periods up to 40% larger than the initial crystalline standard (22 nm) were observed in that
regime. However, break-out crystallization impedes a regulated morphology development within regime (iii). Thus, the annealing regimes (i)
and (i) are more suitable to obtain controlled crystal thickening. The combination of the applied techniques provides deeper insights into the
kinetics and ordering mechanisms of controlled long-period growth by crystal thickening under variable confinements, which allows us to
tailor the morphology of the block copolymer within several nanometers, without changing the degree of polymerization.

insight into the general polymer crystallization process under soft-

INTRODUCTION

The ever growing miniaturization of devices leads to an increas-
ing demand of geometrically defined, highly-ordered nanostruc-
tures. Conventional top-down approaches, like lithographical tech-
niques, are inherently limited by physical fundamentals and the
high costs of the lithographical production tools." Fortunately,
highly ordered nanostructures can be formed by self-assembly of
organic molecules such as block copolymers (BCPs).>*

The chemical incompatibility of the different blocks in BCPs
leads to microphase separation and the formation of nanostruc-
tured materials, which have different morphologies.”” Size and
shape of the BCP morphology are defined by the degree of
polymerization, the volume fraction of the blocks as well as the
interactions between the constituting segments.*” Depending on
the ability to crystallize, BCPs are categorized as amorphous or
semi-crystalline.® The crystallization process can be interpreted as
another influencing factor for the microphase separation. Under-
standing the mutual relation of the BCP morphology and the BCP
crystallization is of great interest: On the one hand it provides new

or hard-confinement.* On the other hand it represents an interest-
ing tool to control the BCP morphology by defined isothermal
crystallization from the melt or an annealing procedure of previous-

10,11

ly crystallized systems.

Isothermal crystallization from the melt has been widely investi-
gated for the amorphous-crystalline block copolymer polybutadi-
ene-block-poly(ethylene oxide) (PB-b-PEO), where the PB phase
imposes a soft confinement on the PEO crystallization."'* Conse-
quently, the formation of PEO crystals occurs either within the
confined PEO domains or overwrites the pre-existing microphase
separated domain structure (break-out crystallization)." Thickness
and lateral dimensions of these PEO crystals depend on the crystal-
lization process, i.e., the crystallization temperature T. and dura-
tion.'""* Reiter et al. observed larger spacings of the lamellar mor-
phology with increasing T. of a low molar mass PB-b-PEO. The
different thickness values of the crystalline lamellae were explained
by differently folded PEO chains."
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Figure 1. a) Cooling scans of BssEOgo after annealing at an annealing temperature T, = S0 °C for different annealing periods t. b) Heating scans for

different t. after the subsequent cooling step. The curves are shifted for better visibility.

Another approach to control the morphology of PB-b-PEO is to
anneal the sample within the melting range, after defining a crystal-
line standard state (CS)."** Crystal thickening as well as partial
and complete melting can be observed, depending on the respec-
tive annealing temperature.”'” It was shown that the spacing of a
thin film surface morphology of a low molar mass PB-b-PEO can be
systematically increased by this approach."

For potential applications, understanding the mechanisms and
kinetics of the crystal thickening in soft confined BCPs is mandato-
ry. The underlying mechanisms have been intensively studied on
low molar mass homopolymers, which have been isothermally
crystallized from the melt or solution.”* Moreover, crystal thick-
ening was investigated for amorphous-crystalline BCPs in bulk and
thin films."""* * However, studies regarding lamellae thickening
based on CS are rare and these investigations focus on the surface

10,11

topology of the corresponding thin films.

Up to now, crystal thickening mechanisms and kinetics of amor-
phous-crystalline BCPs in the bulk are, to the best of our
knowledge, not reported in the literature. Potential applications of
tunable BCP nanostructures can be found in the fields of biomedi-
cine, and -analytics, photonics or high density data storage. In par-
ticular in the fields of biomedicine and -analytics, these nanostruc-
tures are interesting for patterning purposes in order to investigate
and control the protein adsorption on the surface of biomaterials,
which is a key factor for the development of next generation im-
plants and biosensors.

For our investigations, we used a combination of differential
scanning calorimetry (DSC) as well as temperature and time de-
pendent X-ray scattering experiments for PB-b-PEO to investigate
the development of structure and morphology within this system.
In order to analyze the DSC data, we applied a modified model of
Crist and Mirabella® (CM-model), which has frequently been used
to describe the crystal lamellae thickness of polyolefins.”*** Average
long-periods and their deviations are estimated by small-angle X-
ray scattering (SAXS) from the first reflex g* at 100% and 90% of
the reflex intensity, respectively. This is followed by a critical dis-

cussion about the applicability and comparability of these data
representations. Our results contribute to the understanding of
BCP crystallization and are focused on the controlled formation
and manipulation of self-assembled BCP nanostructures where
crystalline segments are involved.

EXPERIMENTAL

Materials

The investigated poly(butadiene)-block-poly(ethylene oxide)
(PB-b-PEO) was purchased from Polymer Source Inc. (Dorval,
Canada). The PB block has a molar mass of M, = 5200 g/moland a
PDI value of 1.12, as given by the supplier. The molar mass of the
PEO block was determined by 'H-NMR measurements to be
M, =3960 g/mol. The corresponding degrees of polymerization
are 96 and 90 for the PB and the PEO block, respectively. Follow-
ing the syntax of other investigations on this block copolymer sys-
tem, this polymer will be named as BssEOso. The volume fraction of
PEO in B95E090 iS 354 VOI.% at 20 OC.

Differential scanning calorimetry

Differential scanning calorimetry (DSC) was carried out on a
PerkinElmer Pyris 1 equipped with a thermal analysis controller
7/DX (PerkinElmer Inc.,, Waltham, MA). Heating and cooling
rates were 10 °C/min for all measurements. The sample was kept
for at least one minute at the final temperature after each heat-
ing/ cooling step.

To create comparable sample conditions before each experi-
ment, BssEOop was heated to 90 °C in the calorimeter, which is well
above the peak melting temperature of the crystalline PEO block
and erases the thermal history of the sample. Subsequently, the
sample was cooled to 0 °C. This initial state is referred to as crystal-
line standard (CS) and has a peak crystallization temperature of
T.=24.5°C and a peak melting temperature of T'» = 52.5°C. The
degree of crystallinity of the PEO block for the CS was 66%, as
determined by DSC.
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Figure 2. Peak melting temperatures for different t. and distributions of the corresponding crystal thickness distributions according to the modified

CM-model (equation 1).2° a) higher peak melting temperature Tynigh and b) lower peak melting temperature Tiow. ) Crystal thickness distributions
at T, = 48 °C after different t,. d) Crystal thickness distributions after annealing between 42 and 52 °C for 24 h.

After creating the CS, the sample was heated to the selected an-
nealing temperature T. between 42 and 52 °C, which is within the
melting range of the PEO block. BssEOs was held for different
annealing periods t, ranging from t, = 10 min to f. = 24 h and was
subsequently cooled to 0 °C to crystallize the already molten parts
of the polymer. Afterwards, the sample was heated again to 90 °C,
which provides information about the thermal properties after the
annealing procedure. A modified approach of Crist and Mirabella®
(CM-model) was applied to correlate the DSC melting tempera-
tures T with the thickness of the PEO crystals lpeo,. Its depend-
ence can be calculated by:

-1}

8(pgo,) =K -P(T)- (Tvv(l),corr ey
Here, g(leeo,) is the distribution function of the PEO crystal
thickness, K is a normalizing factor and Pc(T) is the heat flow of the
crystalline PEO fractions, which can be estimated from the DSC
TO

m,corr

. .. 0 . . .
heating scans. originates from T, which is a material con-

stant, known from the Gibbs-Thomson equation and describes the
melting temperature of an infinitely thick PEO crystal. The correc-
tion of T, for low molar mass PEO was carried out according to
Buckley and Kovacs® for low molar mass PEO, which leads to
TO

m,corr

=61.75 °C. Details are given in the electronic supplemen-

tary information.

X-ray Scattering

Small- and wide angle X-ray scattering experiments (SAXS and
WAXS) were carried out on a Bruker AXS Nanostar (Karlsruhe,
Germany), equipped with (i) a microfocus copper X-ray source
(Incoatec IuSCu E025, Incoatec, Geesthracht, Germany), at a
wavelength of X = 0.154 nm, (ii) a two-dimensional Bruker AXS
VANTEC-2000 gas detector (Karlsruhe, Germany) and (iii) a
temperature controller unit. The distances between sample and
detector were 107 and 12 cm for the SAXS- and WAXS-setup, re-
spectively, using silver behenate for calibration. Exposure times
were between 1 min and 9 min for each SAXS measurement and
60 min for WAXS. The samples were placed in the hole of a metal
plate, which is used to mount the samples in the temperature con-
troller unit of the SAXS/WAXS device. Prior to the morphological
investigations, each sample was placed together with the metal
plate in the calorimeter in order to establish the crystalline standard
(CS).

For the temperature-dependent WAXS experiments, the CS was
heated from room temperature to 42 °C. The temperature was held
for 20 min to ensure that the sample was completely heated
through. After measuring for one hour, the temperature was in-
creased by 2 °C. This procedure was repeated until the signals of
the crystalline PEO vanished completely.



The data acquisition of each SAXS annealing procedure was car-
ried out by (i) collecting an initial pattern at 20 °C, (ii) heating the
sample up to the desired annealing temperature T, between 42 and
54 °C, (iii) collecting patterns after several annealing periods
(1 min to = 10* min) at T. and (iv) collecting a final pattern after
cooling to 20 °C. The heating and cooling rates in the experiments
were set to 10 °C/min and the maximum temperature deviations
that were measured during annealing were + 0.2 °C.

The scattering patterns were post-processed using Image], an
open source image processing software.** SAXS and WAXS pat-
terns were converted into g-space (q = (47/A)-sin 6) and 26-space,
respectively. Here, g is the scattering vector and 26 is the scattering
angle. All patterns were corrected regarding background scattering,
normalized to the exposure time and rotated so that preferential
orientations of the CS-patterns of each temperature series are lo-
cated on the meridian. After azimuthal integration of the 2D-SAXS
patterns, the average long-period I, which is the sum of the PB and
the PEO domain size, of each SAXS sample was calculated from the
maximum of the reflex ¢*by:

l,=2xn/q* (2)

To estimate the long-period distributions, additional values at a
height of 90% of the g* reflex were extracted. The corresponding
spacings are interpreted as deviations from J,. The domain spacings

of each phase [; can be calculated from I, and the volume fractions f,
where the subscript i stands for PB or PEO:™

I =lyf; (3)
RESULTS

Differential scanning calorimetry

Exemplary cooling curves after annealing at T, = 50 °C and the
subsequent heating curves are given in Figures 1a and 1b, respec-
tively. For comparison, the DSC data of the crystalline standard
(CS) is also given in this plot. In the cooling scans after annealing,
shown in Figure la, the crystallization temperature T is shifting to
lower temperatures with increasing annealing duration (t.). More-
over, the area under the crystallization exotherm is systematically
decreasing. This indicates that the degree of crystallinity of the
sample is increasing during annealing with time, since less crystal-
lizable PEO is available in the later cooling step. In the heating
scans (Figure 1b), two melting endotherms were observed for the
samples annealed at 50 °C: The melting endotherm at the higher
temperature (Twhg) shifted with increasing ¢ to higher peak tem-
peratures of 54.6 °C (10 min), 55.4 °C (120 min) and 56.1 °C (24
h). The second melting endotherm features lower peak melting
temperatures Tmjov Which, in turn, systematically decrease with
longer annealing durations. The observed melting enthalpies of
these lower temperature melting peaks are close to the crystalliza-
tion enthalpies, which are observed in the previous cooling scans.
Thus, it is obvious that Tylow originates from the PEO fractions,
which crystallize upon cooling. The shift of the high-temperature
melting endotherm is attributed to crystal thickening during an-
nealing. Note that the small high-temperature shoulder near Tonign
is expected to be a measurement artefact that arises from crystals
formed during heating in the DSC, as discussed elsewhere."* The
effect of the annealing temperature T, and duration t. on the peak
melting temperatures Tohigh and Tojow is shown in Figure 2. The

trend, which was exemplarily presented for the 50 °C-sample, is in
agreement with the observations at the other annealing tempera-
tures. With longer annealing durations, Tmg increased (Fig-
ure 2a), while Twiow decreased (Figure 2b). Two distinct melting
peaks were only observed at either higher temperatures
(T.>48°C) or very long annealing periods. After annealing at
T.=52°C, only one melting peak was observed in the heating
scans. The slightly higher peak melting temperatures, compared to
the CS, are expected to result from self-nucleation or self-seeding
effects’'
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Figure 3. WAXS signals of BsEOgo at temperatures between 42 and
54 °C. The PEO reflexes are systematically decreasing with increasing
temperature. Complete melting of the PEO crystals is observed at
temperatures of 54 °C and above.

Figure 2¢ shows the crystal thickness distributions of the CS and
samples that were annealed between 10 min and 24 h, at
T.=48°C. The results are based on Equation (1), applied to the
DSC heating scans.”® The crystal thickness distribution of the CS
reveals a single maximum at 5.90 nm. Two distinct maxima were
observed for the annealed samples. With increasing annealing peri-
ods, the maxima became more separated i.e. the thickness of the
thinner crystals decreases, whereas it increases for the thicker crys-
tals. The fractions of each species can be calculated from the inte-
gral of the corresponding peak in the distribution diagram. It was
found that the fraction of the larger crystals is continuously increas-
ing, being 75% after 10 min and 83% after 24 hat T, =48 °C.

In Figure 2d, similar crystal thickness distributions are given for
different T, after annealing for 24 h. A single maximum was ob-
served for T, = 52 °C; two distinct distribution maxima can be
found for 42 °C < T. < 50 °C. Both maxima shifted to larger crystal
thicknesses with higher T.. Further, the peak area is increasing for
the lower crystal thickness peak and decreasing for larger crystal
thicknesses. This indicates that larger crystal species are being
formed with increasing T.; their respective fraction, however, is
decreasing with T.. The general thermal behavior of BssEOg points
to a fractionation of the PEO chains during annealing within the
melting range.**
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Wide-angle X-ray scattering

Figure 3 shows WAXS data at temperatures between 42 and
54 °C. Broad signals between 10 and 24° were observed in all sam-
ples investigated, which originate from diffuse scattering of amor-
phous regions.* Two distinct reflexes appeared for temperatures
below 54 °C. The maxima of these reflexes were found at scattering
angles of 18 and 22° and were attributed to the (120) and
(112 + 032) reflections of the crystalline PEO, respectively.*® The
absolute value of the degree of crystallinity is generally calculated
from the different scattering contributions of the crystalline and
amorphous phases.”” Unfortunately, it was difficult to accurately
estimate the correct degree of crystallinity in this case, since the
angular range of the scattered angles did not cover the whole range
of the amorphous halo, which leads to an overestimation of the
degree of crystallinity within the samples. Thus, only the change of
the relative degree of crystallinity can be discussed, which is based
on the peak areas of the different crystalline reflexes.

The degree of crystallinity of BoisEOgo annealed at 42 °C is similar
to the one obtained at room temperature (data not shown). At 44
and 46 °C, the relative degree of crystallinity is slightly decreasing
to 90% of its original value. Distinctly lower values were observed
above 46 °C, being 80%, 67% and 22% for 48 °C, 50 °C and 52 °C,
respectively. At 54 °C, the reflexes from the PEO crystals were ab-
sent. This is a clear indication that the PEO crystals were complete-
ly molten at this temperature.”

Small-angle X-ray scattering

Results of the SAXS experiments are given in the Figures 4 to 6.
The curves of the crystalline standard (CS) and selected curves
after different annealing periods f. at the annealing temperature
T.=46°C are shown in Figure 4. The scattering curve of the CS
shows a maximum at q* =0.29 nm™ at room temperature, which
corresponds to an average long-period of I, = 21.9 nm. During an-
nealing at T\, = 46 °C, the reflex maximum decreased, which points
to an increasing I, for longer t.. After cooling to room temperature,
only minor changes in the SAXS pattern were observed. To de-
scribe the morphology development more appropriately, the long-

period distribution is plotted over the reflex intensity in Figure 4b.
l, increased from approximately 22 nm (CS) up to 27 nm (after
~ 140 h). Although the Figures 4a and 4b contain in principle the
same information, the data representation in Figure 4b is helpful to
understand the subsequent analysis steps.

For the description of the morphological development during
annealing it is not only necessary to provide information about the
average long-period. The distribution of domain spacings in the
system is important, too. In order to represent this distribution in
dependence of T,, additional values were extracted from the SAXS
data at 90% of the relative reflex intensity. This is, firstly, depicted
as a semi-transparent bar in Figure 4b for T, = 46 °C. Secondly, the
deviation of the long-period is given as a deviation band around the
average long-period for 42 °C< T. < 54 °C at different t, in Figure 5.

The corresponding 2D-SAXS patterns are provided in Figure 6.
At the start of each annealing experiment, all samples exhibited a
CS morphology with I, = 22 nm. Moreover, higher order reflexes
were observed at 2%, 3¢* and 44", which can also be found in Fig-
ure 6 (a,d, gand j) at g = 0.55 nm™”, 0.85 nm™ and 1.05 nm™. Since
all reflex positions are integer ratios of g* (1:2:3), a lamellar mor-
phology can be expected for this system in the CS state.™

The samples show a distinct orientation, as can be seen from the
azimuthal dependence of the intensity in the 2D-SAXS data for
selected samples in Figure 6 (left column). Calculating Herman’s
orientation parameter H,* which is 0 for random orientation and 1
for perfect parallel orientation, yields values between 0.1 < H < 0.4
for the different initial states. Most probably, this depends on the
sample position due to small differences in the local crystallization
conditions during the establishment of the CS. Unfortunately, it is
difficult to control the orientation of the CS morphology, which is
formed in the cooling step during the creation of the crystalline
standard. Therefore, we have to exclude the influence of the differ-
ent initial orientations on the morphology development from our
considerations.

After heating to T, larger long-periods were observed with in-

creasing ta for all T, between 42 and 50 °C and decreasing long-
periods were found at T, = 52 and 54 °C. From the characteristics
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in Figure §, it is obvious that approximately 10 to 20 min are neces-
sary to completely heat the sample through. This is expected to
result from a non-ideal thermal contact and the low thermal con-
ductivity of the sample. However, we expect only a minor influence
of this warm-up period on the final morphology, since the samples
were subjected to very long annealing times of up to 140 h. Be-
tween T. = 42 and 46 °C, the long-period growth is faster with in-

creasing T, as depicted in Figure 5a. Average long periods [, of 25.2
nm, 25.6 nm and 26.6 nm were measured after 8-10° min for 42, 44
and 46 °C, respectively.

The slightly different long-period growth rates may be explained
by a higher chain flexibility and partly higher fraction of molten
PEO chains that promote defect healing inside the PEO crystals.
The long-period deviations were found to be relatively similar at
* 1.4 nm, which points to a uniform crystal thickening in this an-
nealing region.

Figure 5b shows the long-period development for 46, 48 and
50°C. In this annealing temperature region, almost similar long-
period growth rates were observed, leading to average long-periods
in the order of 27 nm after 8-10° min (27.0 nm and 26.9 nm for 46,
48 and 50 °C, respectively). However, it is also found that the long-
period deviations, as given by the 90% distribution band, signifi-
cantly broaden from + 1.4 nm, in the case of 46 °C, to + 2.0 nm (48
°C) and + 2.3 nm (50 °C) at higher T.. These deviations indicate
that the morphological development is less uniform compared to
annealing between 42 and 46 °C.

At annealing temperatures T, > 52 °C (Figure Sc), the average
long-period decreased already after the warm-up period of approx-
imately 10 min. The observed long-period of 19 nm was constant
until the sample was cooled to room temperature and the estimated
deviations of + 0.6 nm are significantly smaller compared to the
other investigated T.. Moreover, distinct higher-order reflexes were
observed at T, = 52 and 54 °C, which are shown in the 2D-SAXS
scattering pattern in the Figures 6h and 6k. Reflex positions are
observed at ¢* = 0.32 nm, g = 0.67 nm" and 0.87 nm", having

ratios of 1 :\/Z : ﬁ , which is typical for spherical, cylindrical as well
as gyroid morphologies or hexagonal-perforated lamellae (HPL).*
Obviously, the initially lamellar morphology transformed at tem-
peratures > 52 °C after sufficiently long t..

The volume fractions of PEO are in the order of 35 vol.% and,
thus, close to the phase boundary between cylindrical and lamellar
morphologies in diblock copolymers.* However, gyroid morphol-
ogies*” * and HPL'> * are also often observed in PEO containing
BCPs. In Ref. 15, very similar scattering features compared to the
obtained SAXS data were observed and these results were attribut-
ed to a HPL morphology. Therefore, we expect that BssEOso trans-
forms into a HPL morphology at T. > 52 °C. This phase transfor-
mation might also explain the decreasing long-periods during the
experiment at T, = 52 and 54 °C. After cooling the samples back to
room temperature, the integer higher-order reflexes indicate again
the formation of a lamellar morphology, which points to a break-
out crystallization of the PEO chains during cooling.***

It is also interesting to note that a reflex at approximately
g*=0.2nm" (long-periods of 31 nm) could be observed for the
52 °C-sample that emerges after approximately 10° min. This is
highlighted in Figure 6h and indicates the co-existence of larger,
thermodynamically stable PEO crystals with high melting points
(Gibbs-Thomson effect).*

DISCUSSION

Based on the DSC and SAXS investigations, three distinct anneal-
ing regimes were identified. (i) Between T. = 42 and 46 °C, a steady
long-period growth of the CS long-period, reaching from 15%

6



Crystalline standard
T =20 °C, bef

0.6

0.3

0.0

0.3

0.6

0.6

03 A

0.0

0.3

06 -

=
=
>
o
—_
O
]
o
o
>
(@)
=
=
)
—
-
)
O
7))

06

0.3

0.0

0.3

06 A

0.3

0.0

0.3

0.6

0.9

06 03 00 03 06 06 03 00 03 0. 06 03 00 03 06

Scattering vector g, [nm-"]
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(42°C) to 22% (46 °C) was observed. The deviation from the av-
erage long-period [, was about £ 1.4 nm, as estimated by the devia-
tion band. Within this regime, it is expected that different PEO
crystal thicknesses and long-periods can be achieved in a defined
manner. This is also supported by the DSC results, where only
small fractions of BssEOso crystallized upon cooling, as indicated by
the small shoulder at lower PEO thickness values in Figure 2d.
Hence, it is assumed that the lamellae thickening in this tempera-
ture regime is dominated by defect healing of the PEO crystals,
whereby the PEO chains become less folded, which increases [,.">

(ii) Almost similar average long-periods of [, = 27 nm were
found after annealing for approximately 140 h between 46 and
50°C. This corresponds to an average increase of 22% compared to
the CS. The deviations of I, systematically increased with higher T..
Further, a distinct second melting endotherm ( T'mjow) Was observed
after annealing at 50°C (Figure 2b), which is particularly pro-
nounced in annealing regime (ii). The observed area fractions of
the high and low temperature melting peaks indicate that only 70%
of the PEO chains form crystals with a higher thickness (Fig-
ure 2d). Thus, it can be concluded that, on the one hand, shorter
chains will be excluded from the thicker PEO crystals and will crys-
tallize independently during cooling. On the other hand, the ther-
mal energy is high enough to form even higher PEO crystal thick-
nesses, which is revealed by the additional broadening of the SAXS
reflex towards lower scattering angles as well as a broad crystal dis-
tribution of the higher melting species. This behavior can be de-
scribed as thermal fractionation of the PEO chains, which prevails
in this annealing regime."®

(iii) In the third regime, found above 52 °C for BssEOsy, the ini-
tially crystalline fractions of the PEO block are almost completely
molten, as indicated by WAXS measurements in Figure 3. Similar
trends were observed in the DSC trace for the 52 °C sample, where
only a single melting endotherm was observed, having an enthalpy
of approximately 115 J/g, which is close to the value of the CS
(124]/g). Further, the melting enthalpy was independent of t.. In
this regime, the development of structure and morphology is ex-
pected to be determined by the crystallizing conditions and self-

nucleation effects,*!

rather than the annealing duration, since the
morphology is being re-written during the cooling step, due to
break-out crystallization from the presumably HPL (melt) to a

lamellar morphology (solid).

However, it should be emphasized that lamellae thickening at
T.= 52 °C was observed, despite the low crystalline fractions. This
is indicated by the formation of the reflex at very small scattering
angles (I, = 31 nm, increase of 40%), as highlighted in Figure 6h.
Three facts point to lamellae thickening in this case, rather than the
formation of a second phase due to melting of the PEO crystallites.
First, the HPL morphology exhibits a smaller [, (19.0nm) com-
pared to the CS (21.9 nm, Figure Sc). Therefore, the chains either
have to stretch to obtain a long-period of I, = 31 nm, which is ther-
modynamically unfavorable, or they are present in the crystalline
state. Second, there are still some residual crystals at this annealing
temperature, as shown by the temperature dependent WAXS-
investigations (Figure 3). Hence, crystalline regions exist within
BosEOso at this temperature. The third point can be derived from
the orientation of the observed reflex (Figure 6h), which is similar
to that of the CS (Figure 6g). Thus, the scattering entities of the

reflex at small angles are expected to originate from the already
present crystals in the CS. Unfortunately, the used X-ray setup
prevented the investigation of smaller scattering angles, which
might give a hint of the existence of less folded or extended chain
species within the annealed samples.

Table 1. Comparison between PEO domain spacings (SAXS)
and crystalline lamellae thickness (DSC) after 24 h annealing.

- SAXS DSC (CM-model)

Io [nm]? Ipeo [nm ] Ieo,e (avg.) [nm]?
CS 219+1.2 7.8 59
42 239+1.4 8.5 7.0
44 244+13 8.6 7.3
46 25.8+1.7 9.1 7.2
48 26.1+2.1 9.2 7.6
S0 26.1+£2.2 9.2 8.0

%) Calculated from equation (2), error from 90% of reflex height.

Y Calculated from equation (3).

< Estimated from crystal thickness distribution peak maxima, weighted
by the respective area fractions.

Another important point is the estimation of the PEO domain
size and the crystal thickness distribution. This can be calculated
from the obtained long-periods in SAXS and volume fraction of the
PEO. For the crystalline standard, this yields a PEO domain size
(leo) of approximately 7.8 nm, which is in fair agreement to our
observations in the AFM (data not shown). The calculation of the
PEO crystal thickness (lrco,), which is based on the DSC meas-
urements, yields average values of 5.9 nm for CS. The differences
between the SAXS and DSC based results presumably originate
from the presence of amorphous regions, which are included in the
results from SAXS, but not in the DSC based crystal thickness dis-
tribution. An overview of the calculated long-periods I, and domain
spacings after annealing for 24 h at different T. is provided in Ta-
ble 1. There, leeo was estimated according to equation (3) and the
crystalline lamellae thickness of PEO (Ipeo,) was calculated from
the crystal thickness distributions, multiplied by the area fraction of
respective peaks in Figure 2d. Although the results are quite plausi-
ble, there are some approximations carried out within the CM-

model, which shall be briefly discussed in the following.

The CM-model is based on the approach of Gibbs-Thomson,
which was originally developed for high molar mass homopoly-
mers, rather than low molar mass diblock copolymers, as employed
in this study. For the calculation, we used a modification of T,S for
PEO, which has a similar molar mass compared to the PEO block

in BysEOsy, as proposed by Buckley and Kovacs® (T ). Hence,

the influence of the lower molar mass is considered in this model.
However, contributions of the covalently attached PB block are not
incorporated. It is generally accepted that the presence of a second
block affects the surface energy of the PEO crystal. Further, Gido
and co-workers discussed that the equilibrium chain configuration
of the PEO differs from the extended chain in confined BCPs."
Both, the altered crystal surface energy and the modified chain
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configuration would directly affect the relation between the melting
temperature and the crystal thickness and, hence, shift the distribu-
tion curves in the Figures 2c and 2d. However, the (non)-existence
of extended chain species in semi-crystalline block copolymers is
still controversially debated. Other studies demonstrated the exist-
ence of extended (PEO chain defines the thickness of the PEO
domain) and double-extended PEO chains (two consecutively
arranged, extended PEO chains define the PEO domain size) in
PB-b-PEO by AFM.'*"! This more fundamental question cannot be
answered within the scope of this contribution. From the presented
results, however, it is obvious that the modified CM-model is suita-
ble to describe the mechanism of crystalline lamellae thickening by
defect healing or thermal fractionation of the PEO chains. Thus,
the crystal thickness distribution provides a valuable tool to de-
scribe the mechanism of the PEO domain growth. However, great
care should be taken with the absolute values of the calculated crys-
tal thicknesses, due to approximations in the applied model and its

sensibility on the employed Tyg Hence, it is essential that com-

,corr *
plementary SAXS investigations are carried out to obtain infor-
mation about the absolute spacings and the kinetics of their devel-

opment during annealing, directly from the experiment.

CONCLUSIONS AND OUTLOOK

The kinetics of the lamellae thickening during annealing in the
melting region of BsEOg, which has a previously defined mor-
phology, was investigated by time and temperature dependent
DSC and SAXS measurements. The SAXS data provide infor-
mation about the kinetics of the long-period growth of the system,
whereas the melting endotherms of the DSC measurements were
correlated to the thickness values of the crystalline PEO lamellae,
by applying a modified Gibbs-Thomson approach (CM-model).”
Three distinct annealing regimes were identified, which are either
dominated by (i) defect healing, (ii) thermal fractionation or (iii)
melting and self-nucleation.

The thickest species, having a long-period of approx. 31 nm, was
observed at an annealing temperature of 52 °C, firstly visible after
an annealing period of 24 h. This increased long-period corre-
sponds to a relative long-period growth of 40% compared to the
initial crystalline standard.

However, up to now, it is necessary to anneal such samples in re-
gime (i) in order to have a controlled crystal thickening. Neverthe-
less, the long-period growth of up to 40% is promising for future
applications, since it offers a wide scope of achievable spacings
without increasing the block copolymers degree of polymerization.
There is a strong demand to understand the underlying ordering
kinetics, to perform the morphological development in a controlled
manner. Future studies should, therefore, investigate the effect of
the cooling rate after thermal treatment within the annealing re-
gime (ii). Additional interesting issues are the chain dynamics and
crystal thickening in highly oriented samples as well as studies on
block copolymer systems with more than one crystallizable block.
The presented time- and temperature-dependent SAXS and DSC
investigations as well as the application of the modified CM-model
and long-period deviation bands, to describe the respective data,
offer suitable tools to study the morphological development and
lamellae thickening mechanism of such crystallizable block copol-
ymer systems.

ASSOCIATED CONTENT
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Derivation of the applied model to describe the crystal thickness distri-
butions from the DSC heating scans. This material is available free of
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Derivation of the model to calculate the crystal thickness from the DSC heating scans

During a heating run in a DSC the heat flow P(T) into the sample that is necessary to maintain the same
temperature in both, the reference and the sample pan, is measured. To melt (polymer) crystals requires
enthalpy of fusion and, thus, the heat flow, which can be attributed to the crystalline part of the sample P.(T)
increases. P.,(T) can be calculated from the measured heat flow P(T) by subtraction of a baseline related to the

heat capacity of the amorphous parts P,(T):*
P.(T)=P(T)~-P,(T) (s1)

In the following, a relation between the endothermic heat flow P(T) as measured by the DSC during a heating
run and the thickness of the PEO crystals lpeo,, which melt during this procedure, is established. For simplicity,
but deviating from the main manuscript, the thickness of the PEO crystals will be referred to as =1y,
throughout this derivation.

The weight fraction of PEO crystals with a thickness between [ and (I+d!) is denoted by g(I)dI.
During the heating run, these PEO crystals melt in the yet unknown temperature interval dT. This fraction of

crystals that melt between Tand (T +dT ) is denoted by f(T)dT, thus:

A(T)dT =¢(D)d! (82)



It is the crystal thickness distribution g(!) which is of interest:

80)= (T (53)

In a DSC experiment, our polymer of mass m was heated with a constant heating rate (dT/ dt)z 10°C/min.

The fraction of PEO crystals, which melts between T and (T +dT) can be expressed by:*

_B(T) 1
f(T)dT = @) —maMAhf; dT (S4)

Here, ay is the mass fraction crystallinity of the whole sample; Ak’ is the heat of fusion of the completely

crystalline polymer. The term %/Td)t can be understood as the energy absorbed by the crystals per Kelvin. The
second term in equation (S4) denotes how much energy is necessary to melt the crystals. Here, a,; normalizes
the distribution. Combining equation (S3) and (S4), the crystal thickness distribution g(!) can be re-written

as:

_R@ 1 4T

!
4 7 R VT

dt m

(83)

Thus, the remaining unknown term is how T depends on the thickness [ of the crystal. In the original model of
Crist and Mirabella,** the Gibbs-Thomson equation (S6) was applied to describe the (dT/ dl). Equation (S6)

relates the melting temperature T = T, of a lamellar high molar mass polymer crystal to its thickness 1. It

further depends on known polymer specific constants: The surface energy o, of the crystals folding plane, the
enthalpy of fusion of the completely crystalline polymer Ak’ ,the density of the PEO p, crystal and the

melting temperature of an infinitely thick lamellar crystal with an infinitely high molar mass T'_. Details of the

used constants and variables are provided in Table S1.

T=T 1—2;‘*0 (S6)
p.-Ah, -1

Due to the fact that the Gibbs-Thomson equation is only valid for high molar mass polymers, this equation is
not readily applicable to be used with BosEOu, since it is a very low molar mass polymer. Therefore, in the
present case the refined model of Buckley and Kovacs®® was used to describe the relation of melting
temperature T, and crystal thickness [ for low molar mass PEO under the following additional assumption:

The surface energy o, is independent from the temperature and has a constant value, i.e. 0, does not depend



Table S1. Constants used in this supplementary information

Symbol Description Value Ref.
p. Density of the crystalline PEO phase 1.23 g/cm? S4
AR Melting enthalpy of completely crystalline PEO 1964 ]/g S3
a, Surface energy of the crystals at the folding plane 22.43mJ/m’ S3
) Melting temperature of an infinitely thick lamellar PEO crystal 68.9°C S3
Trv?,corr TrS , corrected for lower molar mass PEO 61.75°C here
N Degree of polymerization of the PEO block (BysEOg0) 90 here

on the chain folding condition of the lamellar crystal. Then, the PEO crystal thickness [ can be related to its

melting temperature T, by:

rer T (1— 29, ] (S7a)

1+ BN R p AR

The first term of equation (S7a) contains the degree of polymerization N =90 and the gas constant R. The

denominator of this term serves as a scaling factor for T, which accounts for low molar mass polymers and

will be renamed as T

m,corr *

o

o __ T,

m,corr

RT" (S7b)

1+23%-
The similarity of the equation according to Buckley and Kovacs® (S7c¢) to the original Gibbs-Thomson

equation (S6) becomes apparent:

2
T = T}’S corr l_éeo (S7C)
' p.-Ah, -1

This modified equation is used to determine the unknown term (dT/dl) in equation (SS) to describe the

crystal thickness distribution g(I):

Ty o2
d_T — i Trg ore " 1 _ 2(Teo — m,cor(: 20'5 (88)
i p. A1 AR -1




Inserting equation (S8) into equation (SS5) leads to equation (S9), which describes the PEO crystal thickness
distribution g(I):

(l) _ Pc (T) ) Trg,corr '2'0-5 =
ST mea, R P

(S9a)

Solving the modified Gibbs-Thomson equation (S7c) for I, the crystal thickness I can be described as a

function of the respective melting temperature T, which is observed in during DSC. Thus equation (S9a) can

be re-written as:

2
PC (T) Trr(l),corr .20-8 PC .Ahr(:l : Trr(l),corr _T)
sD=—"5 5 0( (S9b)
(?) p.-m-a, (Ahm) 2'Tm,corr 0,
After reducing equation (S9b), g(I) can be denoted as
g)=K-P.(T)-(T°,.. -T) (S10a)
with
K= 5 e (S10b)
206 ' Tm,corr LAY ((31_1;)

Here, the factor K is a normalizing constant, which is calculated by numerical integration. By integration and
transposing of equation (S9b) the factor K can be reduced to known constants:

1-Ah)
20, T3 e 'm- [~ P(T)dT

e “m,orr

K=

(S10c¢)

For the calculation of K the density of the crystalline PEO phase p, =1.23 g/cm?, the enthalpy of fusion of the

completely crystalline PEO, Ah) =196.4]/g and the surface energy of the crystals at the folding plane

0, =22.43 mJ/m” were used as PEO specific constants.®
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Highlights:

e The long-period of PB-H-PEO can be tailored by controlled annealing.
e We studied the underlying mechanisms and kinetics by #-7-SAXS and DSC.

e Three different annealing regimes were identified.

Abstract

Self-assembled nanostructures of crystallizable block copolymers can be tuned by controlled
crystal thickening during annealing. In this contribution, we present a strategy, based on time- and
temperature-dependent DSC, SAXS and WAXS measurements, which enables to study, both, the
mechanisms and kinetics of crystal thickening and the respective morphological development,
exemplarily discussed for the soft-confined PB-b6-PEO block copolymer. Thereby, DSC based
PEO crystal thickness distributions yield qualitative information about the mechanisms during
annealing. Conclusions on the kinetics and the absolute long-period growth due to crystal
thickening can be drawn from the time- and temperature dependent SAXS investigations, by
calculating the average long-period and its deviations from the SAXS reflection position and
shape, respectively. By this combined study, three annealing regimes were observed. (i) At low
annealing temperatures 7, steady lamellae-thickening was found, due to defect healing of the
PEO crystals. (ii) Thermal fractionation was observed at intermediate 7, due to the exclusion of
shorter PEO chains from the crystals. (iii) Annealing close to and above the peak melting
temperature, self-nucleation of the molten PEO fractions dominates. The combination of the
applied techniques provides deeper insights into the kinetics and ordering mechanisms of the
controlled long-period growth by crystal thickening under variable confinements, which enables to
tailor the morphology of the block copolymer within several nanometers, without changing the

degree of polymerization.



INTRODUCTION

The ever growing miniaturization of devices leads to an increasing demand of geometrically
defined, highly-ordered nanostructures. Conventional top-down approaches, like lithographical
techniques, are inherently limited by physical fundamentals and the high costs of the
lithographical production tools.[1] Fortunately, highly ordered nanostructures can be formed by

self-assembly of organic molecules such as block copolymers (BCPs).[2-5]

The chemical incompatibility of the different blocks in BCPs leads to microphase separation and
the formation of nanostructured materials, which have different. morphologies.[6, 7] Size and
shape of the BCP morphology are defined by the degree of polymerization, the volume fraction of
the blocks as well as the interactions between the constituting segments.[6, 7] Depending on the
ability to crystallize, BCPs are categorized as amorphous or semi-crystalline.[8] The
crystallization process can be interpreted as another influencing factor for the microphase
separation. Understanding the mutual relation of the BCP morphology and the BCP crystallization
is of great interest: on the one hand it provides new insight into the general polymer crystallization
process under soft- or hard-confinement.[8, 9] On the other hand it represents an interesting tool to
control the BCP morphology by defined isothermal crystallization from the melt or an annealing

procedure of previously crystallized systems.[10, 11]

It should be noted that the process of crystal thickening and polymer crystallization strongly
depends on the mobility of the polymer chain segments. The interested reader to this more

fundamental research work might be referred to the works of Strobl [12] and Beiner [13].

Isothermal crystallization from the melt has been widely investigated for the amorphous-
crystalline block copolymer polybutadiene-block-poly(ethylene oxide) (PB-b-PEO), where the PB
phase imposes a soft confinement on the PEO crystallization.[11, 14-18] Consequently, the

formation of PEO crystals occurs either within the confined PEO domains or overwrites the pre-



existing microphase separated domain structure (break-out crystallization).[16] Thickness and
lateral dimensions of these PEO crystals depend on the crystallization process, ie. the
crystallization temperature 7, and duration.[11, 14-16] Reiter et al. observed larger spacings of the
lamellar morphology with increasing 7. of a low molar mass PB-b-PEO. The different thickness

values of the crystalline lamellae were explained by differently folded PEO chains.[14]

Another approach to control the morphology of PB-H-PEO is to anneal the sample within the
melting range, after defining a crystalline standard (CS).[17-22] In particular, the works of Fillon
et al. must be mentioned here, who, to the best of our knowledge, invented the self-nucleation
approach.[20] Crystal thickening as well as partial and complete melting can be observed,
depending on the respective annealing temperature.[17-20] Moreover, it was shown that the
spacing of a thin film surface morphology of a low molar mass PB-H-PEO can be systematically

increased by this approach.[11]

For potential applications, understanding the mechanisms and kinetics of the crystal thickening in
soft confined BCPs is mandatory. The underlying mechanisms have been intensively studied on
low molar mass homopolymers, which have been isothermally crystallized from the melt or
solution.[23-26] Moreover, crystal thickening was investigated for amorphous-crystalline BCPs in
bulk and thin films. [11,14-16, 27] However, studies regarding lamellae thickening based on CS
are rare and these investigations focus on the surface topology of the corresponding thin films.[ 10,

1]

Up to now, crystal thickening mechanisms and kinetics of amorphous-crystalline BCPs in the bulk
are, to the best of our knowledge, not reported in the literature. Potential applications of tunable
BCP nanostructures can be found in the fields of biomedicine, and -analytics, photonics or high
density data storage. In particular in the fields of biomedicine and -analytics, these nanostructures

are interesting for patterning purposes in order to investigate and control the protein adsorption on



the surface of biomaterials, which is a key factor for the development of next generation implants

and biosensors.

In order to investigate the underlying crystal thickening mechanisms and kinetics, we propose a
combination of differential scanning calorimetry (DSC) as well as temperature and time dependent
X-ray scattering experiments for PB-b-PEO to investigate the development of structure and
morphology within this system. In order to analyze the DSC data, we applied a modified model of
Crist and Mirabella[28] (CM-model), which has frequently been used to describe the crystal
lamellae thickness of polyolefins.[28-30] Average long-periods and their deviations are estimated
by small-angle X-ray scattering (SAXS) from the first reflection ¢* at 100% and 90% of the
reflection intensity, respectively. This is followed by a critical discussion about the applicability
and comparability of this strategy. The presented results on PB-b-PEO contribute to the
understanding of BCP crystallization and are focused on the controlled formation and
manipulation of self-assembled BCP nanostructures where crystalline segments are involved.
Moreover, we offer a tool that enables the investigation of the mechanism and kinetics of the

morphological development of such systems.
EXPERIMENTAL

Materials

The investigated PB-b-PEO was purchased from Polymer Source Inc. (Dorval, Canada). The PB
block has a molar mass of M,, = 5200 g/mol and a PDI value of 1.12, as given by the supplier. The
molar mass of the PEO block was determined by '"H-NMR measurements to be M, = 3960 g/mol.
The corresponding degrees of polymerization are 96 and 90 for the PB and the PEO block,
respectively. Following the syntax of other investigations on this block copolymer system, this
polymer will be named as BosEOgp. The volume fraction of PEO in BosEOgg is 35.4 vol.% at

20 °C.



Differential scanning calorimetry

Differential scanning calorimetry (DSC) was carried out on a PerkinElmer Pyris 1 equipped with a
thermal analysis controller 7/DX (PerkinElmer Inc., Waltham, MA). Heating and cooling rates
were 10 °C/min for all measurements. The sample was kept for at least one minute at the final

temperature after each heating/cooling step.

To create comparable sample conditions before each experiment, BycEOyy was heated to 90 °C in
the calorimeter, which is well above the peak melting temperature of the crystalline PEO block
and erases the thermal history of the sample. Subsequently, the sample was cooled to 0 °C. This
initial state is referred to as crystalline standard (CS) and had a peak crystallization temperature of
T.=24.5 °C and a peak melting temperature of 7, =52.5 °C. The degree of crystallinity of the

PEO block for the CS was 66%, as determined by DSC.

After creating the CS, the sample was heated to the selected annealing temperature 7, between 42
and 52 °C, which is within the melting range of the PEO block. BocEO9y was held for different
annealing periods ¢,, ranging from #z, = 10 min to #, = 24 h and was subsequently cooled to 0 °C to
crystallize the already molten parts of the polymer. Afterwards, the sample was heated again to
90 °C, which provides information about the thermal properties after the annealing procedure. A
modified approach of Crist and Mirabella[28] (CM-model) was applied to correlate the DSC
melting temperatures 7,, with the thickness of the PEO crystals lpgo.. Its dependence can be

calculated by:

&0 ) = K-R(D)-(T1e =T (1)
Here, g(/peo,) is the distribution function of the PEO crystal thickness, K is a normalizing factor

and P.(7) is the heat flow of the crystalline PEO fractions, which can be estimated from the DSC

heating scans. 7, 0 originates from T, which is a material constant, known from the Gibbs-

m,corr

Thomson equation and describes the melting temperature of an infinitely thick PEO crystal. The



correction of 7! for low molar mass PEO was carried out according to Buckley and Kovacs[31]

for low molar mass PEO, which leads to T.__=61.75 °C. Details are given in the electronic

m,corr

supporting information.

X-ray Scattering

Small- and wide angle X-ray scattering experiments (SAXS and WAXS) were carried out on a
Bruker AXS Nanostar (Karlsruhe, Germany), equipped with (i) a microfocus copper X-ray source
(Incoatec IuSCu E025, Incoatec, Geesthacht, Germany), at a wavelength of L= 0.154 nm, (ii) a
two-dimensional Bruker AXS VANTEC-2000 gas detector (Karlsruhe, Germany) and (iii) a
temperature controller. The distances between sample and detector were 107 and 12 cm for the
SAXS- and WAXS-setup, respectively, using silver behenate for calibration. Exposure times were
between 1 min and 9 min for each SAXS measurement and 60 min for WAXS. The samples were
placed in the drill hole (diameter 3 mm) of a metal sheet (10 x 5 x 1 mm?), which is used to mount
the samples in the temperature controller unit of the SAXS/WAXS device. Prior to the
morphological investigations, each sample was placed together with the metal plate in the

calorimeter in order to establish the CS.

For the temperature-dependent WAXS experiments, the CS was heated from room temperature
(RT) to 42 °C. The temperature was held for 20 min to ensure that the sample was completely
heated through. After measuring for one hour, the temperature was increased by 2 °C. This

procedure was repeated until the signals of the crystalline PEO vanished completely.

The data acquisition of each SAXS annealing procedure was carried out by (i) collecting an initial
pattern at 20 °C, (ii) heating the sample up to the desired annealing temperature 7, between 42 and
54 °C, (iii) collecting patterns after several annealing periods (1 min to ~ 10* min) at 7, and (iv)
collecting a final pattern after cooling to 20 °C. The heating and cooling rates in the experiments
were set to 10 °C/min and the maximum temperature deviations that were measured during

annealing were £+ (0.2 °C.



The scattering patterns were post-processed using ImagelJ, an open source image processing
software.[32] SAXS and WAXS patterns were converted into g-space (¢ = (4n/A)-sin 0) and 26-
space, respectively. Here, ¢ is the scattering vector and 26 is the scattering angle. All patterns were
corrected regarding background scattering, normalized to the exposure time and rotated so that
preferential orientations of the CS-patterns of each temperature series are located on the meridian.
After azimuthal integration of the 2D-SAXS patterns, the average long-period /,, which is the sum
of the PB and the PEO domain size, of each SAXS sample was calculated from the maximum of
the reflection ¢ * by:
l, = 2n/q* 2)

To estimate the long-period distributions, additional values at a height of 90% of the g * reflection
were extracted. The corresponding spacings are interpreted as deviations from /,. The domain

spacings of each phase /; can be calculated from /; and the volume fractions f;, where the subscript

i stands for PB or PEO:[16]
li=lpfi (3)
RESULTS

Differential scanning calorimetry

Exemplary cooling curves after annealing at 7,= 50 °C and the subsequent heating curves are
given in Figures 1a and 1b, respectively. For comparison, the DSC data of the CS is also given in
this plot. In the cooling scans after annealing, shown in Figure la, the crystallization temperature
T, is shifting to lower temperatures with increasing annealing duration (z,). Moreover, the area
under the crystallization exotherm is systematically decreasing. This indicates that the degree of
crystallinity of the sample is increasing during annealing with time, since less crystallizable PEO
is available in the later cooling step. In the heating scans (Figure 1b), two melting endotherms
were observed for the samples annealed at 50 °C. The melting endotherm at the higher

temperature (7, nign) shifted with increasing #, to higher peak temperatures of 54.6 °C (10 min),



55.4 °C (120 min) and 56.1 °C (24 h). The second melting endotherm features lower peak melting
temperatures 7, ow Which, in turn, systematically decrease with longer annealing durations. The
observed melting enthalpies of these lower temperature melting peaks are close to the
crystallization enthalpies, which are observed in the previous cooling scans. Thus, it is obvious
that 7, 10w originates from the PEO fractions, which crystallize upon cooling. The shift of the high-
temperature melting endotherm is attributed to crystal thickening during annealing. Note that the
small high-temperature shoulder near T, pnign 1S expected to be a measurement -artefact that arises
from crystals formed during heating in the DSC, as discussed elsewhere.[16] The effect of the
annealing temperature 7, and duration #, on the peak melting temperatures 7, nigh and Ty jow 1S
shown in Figure 2. The trend, which was exemplarily presented for the 50 °C-sample, is in
agreement with the observations at the other annealing temperatures. With longer annealing
durations, 7, nigh increased (Figure 2a), while 7, 10w decreased (Figure 2b). Two distinct melting
peaks were only observed at either higher<temperatures (7,>48 °C) or very long annealing
periods. A similar behavior was also observed by Fillon and co-workers during self-nucleation
studies on polypropylene.[20] However, after annealing at 7, =52 °C, only one melting peak was
observed in the heating scans. The slightly higher peak melting temperatures, compared to the CS,

are expected to result from self-nucleation or self-seeding effects.[33-35]

Figure 2c¢ shows the erystal thickness distributions of the CS and samples that were annealed
between 10 min and 24 h, at 7, = 48 °C. The results are based on Equation (1), applied to the DSC
heating scans.”® The crystal thickness distribution of the CS reveals a single maximum at 5.90 nm.
Two distinct maxima were observed for the annealed samples. With increasing annealing periods,
the maxima became more separated i.e. the thickness of the thinner crystals decreases, whereas it
increases for the thicker crystals. The fractions of each species can be calculated from the integral
of the corresponding peak in the distribution diagram. It was found that the fraction of the larger

crystals is continuously increasing, being 75% after 10 min and 83% after 24 h at 7,, = 48 °C.



In Figure 2d, similar crystal thickness distributions are given for different 7,, after annealing for
24 h. A single maximum was observed for 7, =52 °C; two distinct distribution maxima can be
found for 42 °C <7, <50 °C. Both maxima shifted to larger crystal thicknesses with higher 7.
Further, the peak area was increasing for the lower crystal thicknesses and decreasing for larger
crystal thicknesses. This indicates that larger crystal species are being formed with increasing 7g;
their respective fraction, however, is decreasing with 7,. The general thermal behavior of BosEOq

points to a fractionation of the PEO chains during annealing within the melting range.[36]

a) 1440 min T,=50°C b) T,=50°C
@ | 720 min ?
b= _— & | 720 min "\/x
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Figure 1. a) Cooling scans of BogEQOy after annealing at an annealing temperature 7,, = 50 °C

for different annealing periods #,. b) Heating scans for different 7, after the subsequent cooling

step. Each subsequent curve is shifted by 10 W/g with respect to the former for better visibility.
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Figure 2. Peak melting temperatures for different ¢, and distributions of the corresponding

crystal thickness distributions according to the modified CM-model (equation 1).[28] a) higher
peak melting temperature 7, hion and b) lower peak melting temperature 7, jow. ¢) Crystal thickness
distributions at 7,=48°C after different #,. d) Crystal thickness distributions after annealing

between 42 and 52 °C for 24 h.

Wide-angle X-ray scattering

Figure 3a shows WAXS data at temperatures between 42 and 54 °C. Broad signals between 10 and
24° were observed in all samples investigated, which originated from diffuse scattering of
amorphous regions.[37] Two distinct reflections appeared for temperatures below 54 °C. The
maxima of these reflections were found at scattering angles of 18 and 22° and were attributed to
the (120) and (112 + 032) reflections of the crystalline PEO, respectively.[38] The absolute value

of the degree of crystallinity is generally calculated from the different scattering contributions of
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the crystalline and amorphous phases.[39] Unfortunately, it was difficult to accurately estimate the
correct degree of crystallinity in this case, since the angular range of the scattered angles did not
cover the whole range of the amorphous halo, which leads to an overestimation of the degree of
crystallinity within the samples. Thus, only the change of the relative degree of crystallinity can be

discussed, which is based on the peak areas of the different crystalline reflections.

The degree of crystallinity of BosEO9y annealed at 42 °C is similar to the one obtained at RT (data
not shown). At 44 and 46 °C, the relative degree of crystallinity is slightly decreasing to 90% of its
original value. Distinctly lower values were observed above 46 °C, being 80%, 67% and 22% for
48 °C, 50 °C and 52 °C, respectively. At 54 °C, the reflections from the PEO crystals were absent.

This is a clear indication that the PEO crystals were completely molten at this temperature.[39]

The differences in the observed melting ranges of DSC and WAXS can be explained by the
differences in the temporal course of the heating. During the DSC measurements, the sample was
heated with 10 K-min'. Thus, the melting temperature range was passed within two minutes,
whereas during the WAXS measurements, the temperature was equilibrated for 20 min, followed
by 60 min measurement time. We suggest that different holding times during the measurements

were responsible for the changes in the observed PEO melting ranges between WAXS and DSC.
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Figure 3. WAXS signals of BosEOg at temperatures between 42 and 54 °C. The PEO

reflections are systematically decreasing with increasing temperature. Complete melting of the

PEO crystals is observed at temperatures of 54 °C and above.



Small-angle X-ray scattering

The results of the SAXS experiments are given in the Figures 4 to 6. The curves of the CS and
selected curves after different annealing periods #, at the annealing temperature 7, =46 °C are
shown in Figure 4. The scattering curve of the CS shows a maximum at ¢*=0.29 nm” at RT,
which corresponds to an average long-period of /, = 21.9 nm. During annealing at 7, = 46 °C, the
reflections maximum decreased, which points to an increasing /, for longer #, After cooling to RT,
only minor changes in the SAXS pattern were observed. To describe the morphology development
more appropriately, the long-period distribution is plotted over the reflections intensity in Figure
4b. [, increased from approximately 22 nm (CS) up to 27 nm (after = 140 h). Although the Figures
4a and 4b contain in principle the same information, the data representation in Figure 4b is helpful

to understand the subsequent analysis steps.

For the description of the morphological development during annealing it is not only necessary to
provide information about the average long-period. The distribution of domain spacings in the
system is important, too. In order to represent this distribution in dependence of 7,, additional
values were extracted from the SAXS data at 90% of the relative reflection intensity. This is,
firstly, depicted as a semi-transparent bar in Figure 4b for 7, = 46 °C. Secondly, the deviation of
the long-period is given as a deviation band around the average long-period for 42 °C< T, <54 °C

at different #, in Figure 6, which will be described later in the text.

One dimensional scattering curves of BosEOqy before (a), during (b) and after annealing (c) at
different 7, are given in Figure 5 (a-c). In Figure 5a, the scattering curves of the CS state prior to
the annealing experiment are depicted. As expected, the scattering curves show similar features,
such as a ¢* at 0.29 nm” and integer ratios of the first reflection ¢* indicating lamellar
morphologies prior to the annealing step.[40] The similarity of the scattering curves verifies a

successful creation of the CS at the respective temperatures. During annealing at 7, <50 °C, g*
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shifted to lower scattering vectors, which denotes increasing long-period due to annealing

(Figure 5b). However, at 7,> 52 °C we observed decreasing long-periods. Moreover, a J7 q*
reflection appeared, which points to the formation of a bicontinous morphology at such annealing
temperatures. Figure Sc depicts the scattering curves of the annealed samples after cooling to RT.
The reflection peaks of the samples annealed at 50 °C and below were found to be similar to the
ones obtained at the end of the annealing step. For 7,, > 52 °C, we again observed integer ratios of
q*. Obviously, a lamellar morphology had formed during annealing, which indicates a break-out
crystallization during the cooling step. The corresponding 2D SAXS patterns of Figure 5 are

provided as supporting information.

It should be noted that the samples show a distinct orientation, as can be seen from the azimuthal
dependence of the intensity in the 2D-SAXS data for selected samples in the supporting Figure S2
(left column). Calculating Herman’s orientation parameter /,[41] which is 0 for random
orientation and 1 for perfect parallel orientation, yields values between 0.1 <H <0.4 for the
different initial states. Most probably,.this originates from a pre-orientation of the block copolymer
melt or from small differences in the local crystallization conditions during the creation of CS.
Unfortunately, it is difficult to control the orientation of the CS morphology, which is formed in
the cooling step. Therefore, we have to exclude the influence of the different initial orientations on
the morphology development from our considerations. However, it should be noted that the
orientation factor H slightly increases during annealing between 7, =42 °C (H = 0.36—>0.42) and
50 °C (H=0.14->0.19). Decreasing orientation factors were observed for 7, = 52 and 54 °C. The
corresponding data is provided as supporting information.

The time-dependent, morphological development of BosEOy is depicted in Figure 6 for selected
T,. In order to enhance the visibility, the other results were moved to the supporting information.
After heating to 7, larger long-periods were observed with increasing ¢, for all 7, between 42 and

50 °C and decreasing long-periods were found at 7, =52 and 54 °C. From the characteristics in
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Figure 6, it is obvious that approximately 10 to 20 min are necessary to completely heat the
sample through. This is expected to result from a non-ideal thermal contact and the low thermal
conductivity of the sample. However, we expect only a minor influence of this warm-up period on
the final morphology, since the samples were subjected to very long annealing times of up to
140 h. Between T, =42 and 46 °C, the long-period growth is faster with increasing 7, as depicted
in Figure 6a, exemplarily for 7, =42 and 46 °C. Average long periods /, of 25.2 nm:and 26.6 nm

were measured after 128 h for these 7, respectively.

The slightly different long-period growth rates may be explained by a higher chain flexibility and
partly higher fraction of molten PEO chains that promote defect healing inside the PEO
crystals.[12] The long-period deviations were found to be relatively similar at + 1.4 nm, which

points to a uniform crystal thickening in this annealing region.

Figure 6b shows the long-period development between annealing temperatures of 46 and 50 °C,
exemplarily for 7, = 50 °C. In this annealing temperature region, almost similar long-period
growth rates were observed, leading to average long-periods in the order of 27 nm after 128 h
(27.0 nm and 26.9 nm for 46, 48 and 50 °C, respectively). However, it was also found that the
long-period deviations, as‘given by the 90% distribution band, significantly broaden from +
1.4 nm, in the case of 46 °C, to = 2.0 nm (48 °C) and + 2.3 nm (50 °C) at higher 7,. These
deviations indicate that the morphological development is less uniform compared to annealing

between 42 and 46 °C.

At annealing temperatures 7, > 52 °C (Figure 6c¢), the average long-period decreased already after
the warm-up period of approximately 1 min. The observed long-period of 19 nm was constant
until the sample was cooled to RT and the estimated deviations of + 0.6 nm were significantly
smaller compared to the other investigated 7,. Moreover, distinct higher-order reflections were
observed at 7, =52 and 54 °C, which are shown in the SAXS scattering curves in the Figure 5b.

The scattering vectors of the reflection are observed at ¢*=0.32nm™, ¢ = 0.67 nm™ and 0.87 nm’
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! having ratios of 1:v/4: /7, which is typical for spherical, cylindrical as well as gyroid

morphologies or hexagonal-perforated lamellae (HPL).[40] Obviously, the initially lamellar

morphology transformed at temperatures > 52 °C after sufficiently long ¢,.

The volume fractions of PEO are in the order of 35 vol.% and, thus, close to the phase boundary
between cylindrical and lamellar morphologies in diblock copolymers.[42] However, gyroid
morphologies[43, 44] and HPL[17, 45] are also often observed in PEO containing BCPs. In
Ref. 15, very similar scattering features compared to the obtained SAXS data were observed and
these results were attributed to a HPL morphology. Therefore, we suggest that BosEOg
transformed into a HPL morphology at 7, > 52 °C. This phase transformation might also explain
the decreasing long-periods during the experiment at 7, = 527and 54 °C. After cooling the samples
back to RT, the integer higher-order reflections indicate again the formation of a lamellar

morphology, which points to a break-out crystallization of the PEO chains during cooling.[46, 47]

It is also interesting to note that a reflections at approximately ¢*=0.2 nm™ (long-periods of
31 nm) could be observed for the 52°C-sample that emerges after approximately 1000 min. This
is highlighted in Figure 5b and indicates the existence of larger, thermodynamically stable PEO

crystals with high melting points (Gibbs-Thomson effect).[48]
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Figure 4. a) Exemplary presentation of SAXS curves at 7, =46 °C at different annealing

durations #,, which are provided on the right side of the graph. The curves are shifted for better
visibility. b) Relative reflection intensity over the long-period at different #,. The grey bar marks

the region that is used to describe the long-period deviations.
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indicate different reflections. Corresponding 2D-SAXS patterns are provided in the supporting

information.
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Figure 6. Average long-periods and deviation bands (90% of the reflection intensity) at
selected 7,, a) 42 to 46 °C (regime of defect healing), b) 50 °C (regime of thermal
fractionation) and c¢) 54 °C (melting and self-nuclation). The last data point in each curve

represents the average long-period after cooling to RT.
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DISCUSSION

Based on the DSC and SAXS investigations, three distinct annealing regimes were identified. (i)
Between T, =42 and 46°C, a steady long-period growth of the CS long-period, reaching from
15% (42 °C) to 22% (46 °C) was observed. The deviation from the average long-period /, was
about £+ 1.4 nm, as estimated by the deviation band. Within this regime, it is expected that different
PEO crystal thicknesses and long-periods can be achieved in a defined manner. This is also
supported by the DSC results, where only small fractions of BosEOy crystallized upon cooling, as
indicated by the small shoulder at lower PEO thickness values in Figure 2d. Hence, it is assumed
that the lamellae thickening in this temperature regime is dominated by defect healing of the PEO

crystals, whereby the PEO chains become less folded, which increases /,.[14]

(i) Almost similar average long-periods of /,~27nm were found after annealing for
approximately 140 h between 46 and 50 °C. This corresponds to an average increase of 22%
compared to the CS. The deviations of /, systematically increased with higher 7,. Further, a
distinct second melting endotherm (7}, ,w) Was observed after annealing at 50 °C (Figure 2b),
which is particularly pronounced in annealing regime (ii). The observed area fractions of the high
and low temperature melting peaks indicate that only 70% of the PEO chains formed crystals with
a higher thickness (Figure 2d). Thus, it can be concluded that, on the one hand, shorter chains
were excluded from the thicker PEO crystals and crystallized independently during cooling. On
the other-hand, the thermal energy is high enough to form even higher PEO crystal thicknesses,
which was revealed by the additional broadening of the SAXS reflection towards lower scattering
angles as well as a broad crystal distribution of the higher melting species. This behavior can be

described as thermal fractionation of the PEO chains, which prevails in this annealing regime.[18]

(ii1) In the third regime, found above 52 °C for BosEQOo, the initially crystalline fractions of the
PEO block were almost completely molten, as indicated by WAXS measurements in Figure 3.

Similar trends were observed in the DSC trace for the 52 °C sample, where only a single melting
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endotherm was observed, having an enthalpy of approximately 115 J/g, which is close to the value
of the CS (124 J/g). Further, the melting enthalpy was independent of #,. In this regime, the
development of structure and morphology is expected to be determined by the crystallizing
conditions and self-nucleation effects,[33] rather than the annealing duration, since the
morphology is being over-written during the cooling step, due to break-out crystallization from the

presumably HPL (melt) to a lamellar morphology (solid).

However, it should be emphasized that lamellae thickening at 7, = 52 °C was observed, despite
the low crystalline fractions. This is indicated by the formation of the reflection at very small
scattering angles (/, =31 nm, increase of 40%), as shown in Figure 5b. Three facts point to
lamellae thickening in this case, rather than the formation of a second phase due to melting of the
PEO crystallites. First, the HPL morphology exhibited a smaller /, (19.0 nm) compared to the CS
(21.9 nm, Figure 6c¢). Therefore, the chains either had to stretch to obtain a long-period of
I, =31 nm, which is thermodynamically unfavorable, or they were present in the crystalline state.
Second, there were still some residual crystals at this annealing temperature, as shown by the
temperature dependent WAXS-investigations (Figure 3). Hence, crystalline regions existed within
BosEQy at this temperature. The third point can be derived from the orientation of the observed
reflection (see supporting Figure S2h), which is similar to that of the CS (supporting Figure S2g).
Thus, the scattering entities of the reflection at small angles are expected to originate from the
already present crystals in the CS. Unfortunately, the used X-ray setup prevented the investigation
of smaller scattering angles, which might give a hint of the existence of less folded or extended
chain species within the annealed samples.

The observed three regimes are to some extend related to the “domains® presented by Fillon and
co-workers, who classified these “domains” according to the crystallization behavior during self-
nucleation studies of polypropylene.[20] However, in crystallizable block copolymers, the

morphological development due to crystal thickening is more complex than in homopolymers, due
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to the confinement arising from the additional block(s) and the resulting microphase separation.

Thus, it cannot be described solely by DSC self-nucleation experiments.

Subsequently, a brief basic discussion on the utilization of SAXS measurements within the
melting range is given. The electron density of the PEO phase changes during its melting and
crystallization, which directly influences the electron density contrast between the PB_and the
PEO phase and, thus, the scattering power of the system.[37] Since the electron density contrast
between PB and PEO is very strong in both, the amorphous and the crystalline PEO, we do not
expect a great influence on our experiments. However, there might be some smearing of the
reflection peak ¢g* due to the presence of amorphous PEO between the PB phase and the PEO
crystals (e.g. in the partial molten state) that would lead to an over-estimation of the deviations

calculated from the reflex shape.

Another important point is the estimation of the PEO domain size and the crystal thickness
distribution. This can be calculated from the obtained long-periods in SAXS and volume fraction
of the PEO. For the CS, this yielded a PEO domain size (/pgo) of approximately 7.8 nm, which is
in fair agreement to our observations in the AFM, given as supporting information. The
calculation of the PEO crystal thickness (/peo.), which is based on the DSC measurements,
yielded average values of 5.9 nm for CS. The differences between the SAXS and DSC based
results presumably originate from the presence of amorphous regions, which are included in the
results from SAXS, but not in the DSC based crystal thickness distribution. An overview of the
calculated long-periods /, and domain spacings after annealing for 24 h at different 7, is provided
in Table 1. There, /pgo was estimated according to Equation (3) and the crystalline lamellae
thickness of PEO (/pro.) was calculated from the crystal thickness distributions, multiplied by the
area fraction of the respective peaks in Figure 2d. Although the results are quite plausible, there
are some approximations carried out within the CM-model, which shall be briefly discussed in the

following.
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The CM-model is based on the approach of Gibbs-Thomson, which was originally developed for

high molar mass homopolymers, rather than low molar mass diblock copolymers, as employed in

this study. For the calculation, we used a modification of T ”? for PEO, which has a similar molar

mass compared to the PEO block in BosEQyo, as proposed by Buckley and Kovacs (T, .. ).[31]

Hence, the influence of the lower molar mass is considered in this model. However, contributions
of the covalently attached PB block are not incorporated. It is generally accepted that the presence
of a second block affects the surface energy of the PEO crystal. Further, Gido and co-workers
discussed that the equilibrium chain configuration of the PEO differs from the extended chain in
confined BCPs.[16] Both, the altered crystal surface energy and the modified chain configuration
would directly affect the relation between the melting temperature and the crystal thickness and,
hence, shift the distribution curves in the Figures 2¢.and 2d. However, the (non)-existence of
extended chain species in semi-crystalline block copolymers is still controversially debated. Other
studies demonstrated the existence of extended (PEO chain defines the thickness of the PEO
domain) and double-extended PEO chains (two consecutively arranged, extended PEO chains
define the PEO domain size) in PB-6-PEO by AFM.[10, 11] This more fundamental question
cannot be answered within the scope of this contribution. From the presented results, however, it is
obvious that the modified CM-model is suitable to describe the mechanism of crystalline lamellae
thickening by defect healing or thermal fractionation of the PEO chains. Thus, the crystal
thickness distribution provides a valuable tool to describe the mechanism of the PEO domain

growth. However, great care should be taken with the absolute values of the calculated crystal

thicknesses, due to approximations in the applied model and its sensibility on the employed T 0

m,corr”*
Hence, it is essential that complementary SAXS investigations are carried out to obtain
information about the absolute spacings and the kinetics of their development during annealing,

directly from the experiment.
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Table 1. Comparison between PEO domain

spacings

(SAXS) and crystalline lamellae

thickness (DSC) after 24 h annealing.

T,

[°C]

CS
42
44
46
48
50

SAXS

Iy [nm]”

219+1.2
239+ 14
244+1.3
258+ 1.7
26.1 £2.1

26.1+2.2

DSC (CM-
model)
IpEO Ipeo.c (avg.)
[nm]” [nm]”
7.8 59
8.5 7.0
8.6 7.3
9.1 7.2
9.2 7.6
9.2 8.0

“Calculated from equation (2), error from 90% of

reflection maximum intensity.

® Calculated from equation (3).

)

Estimated from crystal thickness

distribution peak maxima, weighted by the

respective area fractions.
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CONCLUSIONS AND OUTLOOK

Time- and temperature-dependent SAXS, WAXS and DSC investigations provide a powerful
combination to study the mechanisms and kinetics of crystal thickening in crystallizable block
copolymer systems, as exemplarily presented for a PB-b-PEO block copolymer. The SAXS data
provide information about the kinetics of the long-period growth of the system, whereas the
melting endotherms of the DSC measurements were correlated to the thickness values of the
crystalline PEO lamellae, by applying a modified Gibbs-Thomson approach (CM-model).[28]
Three distinct annealing regimes were identified, which are either dominated by (i) defect healing,

(i1) thermal fractionation or (iii) melting and self-nucleation.

The thickest species, having a long-period of approx. 3l.nm, was observed at an annealing
temperature of 52 °C, firstly visible after an annealing period of 24 h. This increased long-period

corresponds to a relative long-period growth of 40% compared to the initial CS.

However, up to now, it is necessary to anneal such samples in regime (i) in order to have a
controlled crystal thickening. Nevertheless, the long-period growth of up to 40% is promising for
future applications, since it offers'a wide scope of achievable spacings without increasing the
block copolymers degree of polymerization. There is a strong demand to understand the
underlying ordering kinetics, to perform the morphological development in a controlled manner.
Future studies should, therefore, investigate the effect of the cooling rate after thermal treatment
within the annealing regime (ii). Additional interesting issues are the chain dynamics and crystal
thickening in highly oriented samples as well as studies on block copolymer systems with more
than one crystallizable block. The presented time- and temperature-dependent SAXS and DSC
investigations as well as the application of the modified CM-model and long-period deviation
bands, to describe the respective data, offer suitable tools to study the morphological development

and lamellae thickening mechanism of such crystallizable block copolymer systems.
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SUPPORTING INFORMATION

The following supporting information is provided online: (i) The derivation of the applied model
to describe the crystal thickness distributions from the DSC heating scans. (ii) Additional data
derived from the SAXS measurements. a) The long-period development at different annealing
temperatures and durations. b) 2D-SAXS pattern of prior, during and after annealing between
48 °C < T, < 54 °C. ¢) Development of the orientation factor during annealing. (iii) AFM phase

images of BogEOgg before and after annealing.
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ABSTRACT: Thin film surface nanostructures of semicrystal-
line diblock copolymer are promising for the fabrication of
photonic crystals and bioanalytical devices because they might
be tailorable by controlled crystallization. One approach to
systematically control polymer crystallization is a self-
nucleation experiment. The self-nucleation experiment for
block copolymers has only been reported for the bulk and so
far not for thin films. Considering the versatility of a tailorable
surface nanostructure, it is promising to apply the controlled
crystallization of a bulk self-nucleation experiment to thin films of a diblock copolymer. In the current study we tested the
hypothesis that within two self-nucleation experiments, i.e., in the bulk and thin film, the calorimetric bulk properties of a
polybutadiene-block-poly(ethylene oxide) can be correlated to the resulting thin film surface nanostructures and to understand as
well as predict their formation. The calorimetric bulk properties measured by differential scanning calorimetry in the bulk self-
nucleation experiment were correlated to surface nanostructures measured by atomic force microscopy of the thin film self-
nucleation experiment samples. In analogy to the bulk self-nucleation experiment, we introduced a crystalline standard for the
thin film self-nucleation experiment where the crystalline lamellae consisted of once-folded chains. Annealing the thin film
crystalline standard promoted the thickening of crystalline lamellae on the film surface which is explained by the formation of less
folded chain crystals that obtain higher melting temperatures. The crystalline lamellae thickness was steplessly variable within the
range of 8—16 nm. In analogy to the Hoffman—Weeks and Gibbs—Thomson plots, we derived a function which can be used to
predict the lamellae thickness as a function of the annealing temperature. Bulk and thin film self-nucleation experiments were
successfully related, since thin film surface nanostructures were consistently correlated to calorimetric results. We established the
dual self-nucleation experiment as a powerful tool to predictably tailor thin film nanostructures in the range of several
nanometers.

bulk and thin film self-nucleation experiment of PB-b-PEO

self-nucleated
crystals

endothermic heatflow

Bl INTRODUCTION copolymers with a high order—disorder transition temperature

The microphase separation of diblock copolymers provides a
bottom-up approach for the creation of self-assembled surface
nanostructures.”” These nanostructures are promising for
nanopatterning applications, with emphasis especially in the
fields of photonic crystals® and bioanalytics.”*

In the diblock copolymer bulk, the shape and size of its
nanostructures depend on the composition, the degree of
polymerization, the block interactions, and their ability to
crystallize. Diblock copolymer nanostructures can form in the
bulk as well as at the surface of thin diblock copolymer films.>*

In semicrystalline diblock copolymers, the microphase
separation of the blocks competes with their crystallization.®™

This enables the tailorability of lamellar nanostructures by
crystallization without changing the macromolecular architec-
ture.”® For strongly segregated semicrystalline diblock
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(Topr), the crystallization starts within the confinement of

6,7

microphase-separated domains™’ and may induce the for-

mation of crystalline lamellae.'® If the glass transition
temperature T, of the amorphous block is lower than the
crystallization temperature T, of the crystallizable block, the
amorphous phase imposes a soft confinement on the
crystallization; i.e., chain diffusion processes are possible."! In
dependence of the T, and the crystallization kinetics which
regulate thickness and lateral dimensions of the resulting

,13

crystallites,">" crystallization can occur within the micro-
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it overwrites the microdomain
6,12

domain confinement or
structure, which is called breakout crystallization.

One approach for the controlled crystallization of polymers,
e.g, to crystallize lamellae with a gpeciﬁc thickness, is the self-
nucleation experiment (SNE)."*™'¢ In the SNE, a polymer with
a crystalline standard (CS) is annealed at a self-nucleation
temperature T within the melting range of the CS. The CS is
prepared by heating the polymer sufficiently above the melting
temperature T, which erases the polymer’s temperature history
and by cooling it to a low T. (high undercooling) in a
controlled manner subsequently. Depending on the choice of
the T either crystal thickening, self-nucleation, partial melting,
or complete melting occurs."?

Crystal thickening is known for decades and most studied on
homo- or copolymer single crystals.'”'® Also, the self-
nucleation mechanism is fairly well understood for homo-
polymers.">™** To our best knowledge, however, only two
studies deal with the self-nucleation of copolymers with one
crystalline block.'®"” These studies suggest that the SNE is
ideally suited to study the crystallization in a confinement
imposed by the microphase separation. Nevertheless, both
studies were restricted to the diblock copolymer bulk.

In semicrystalline diblock copolymer thin films, the
controlled annealing of a CS within a SNE can potentially
tailor surface nanostructures by a defined thickening of the
crystalline lamellae. Large area tailored surface nanostructures
have promising applications, e.g, in the bioanalytical field to
align or to control the conformation and assembly of adsorbed
biomolecules,”*™** where previously investigated systems like
single crystals or bulk polymer cannot be applied. Therefore,
the aim of this current study was to create and understand the
lamellar thickening on the surface of an amphiphilic
polybutadiene-block-poly(ethylene oxide) (PB-b-PEO) based
on a thin film SNE.

We tested the hypothesis that, within two self-nucleation
experiments, ie, bulk and thin film, the calorimetric bulk
properties of a PB-b-PEO can be correlated with the resulting
thin film surface nanostructures to understand and predict their
formation. This study was carried out to address the growing
need for a reliable, reproducible, and feasible pathway to obtain
surface nanostructures with predefined dimensions.

B EXPERIMENTAL SECTION

Materials. For the purposes of this study, we chose the
semicrystalline PB-b-PEO because PEO is a widely characterized
linear, crystallizable polymer'® and PB has a T, < T, of PEO.>*** The
latter is a requirement for crystalline lamellae thickening in a soft
confinement of the second block. The PB-b-PEO was purchased from
Polymer Source Inc. (Dorval, Canada). According to the manufac-
turer, PB has a molar mass of 5000 g/mol (M, pp), i, a degree of
polymerization of 93, with a polydispersity index (PDI) of 1.06. We
recorded "H NMR spectra on a Bruker Avance 300 MHz spectrometer
(Billerica, MA) in deuterated chloroform to obtain the PEO block’s
degree of polymerization which was calculated to be 57 (molar mass of
the PEO block 2500 g/mol).

The thiol methyl 3-mercaptopropionate (M3M, purity 95%, Sigma-
Aldrich Corporation, St. Louis, MO) was used for surface modification
as received. All solvents (VWR, Darmstadt, Germany) were distilled
before use.

Bulk SNE: Differential Scanning Calorimetry. Differential
scanning calorimetry (DSC) of the bulk PB-b-PEO was carried out
with a PerkinElmer Pyris 1 equipped with a thermal analysis controller
7/DX (PerkinElmer Inc., Waltham, MA) to study the crystallization,
melting, and self-nucleation behavior.
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The temperature cycle of the bulk SNE, performed in the DSC, is
schematically depicted in Figure 1. In a first step, the CS was prepared.

('SNE: annealing CS at T |

80 °C}
DSC heating

— bulk SNE
--- thin film SNE

Figure 1. Schematic sketch illustrating the time—temperature t—T
profile of the bulk differential scanning calorimetry (DSC) based self-
nucleation experiment (SNE) and the thin film SNE. The SNE can be
divided into two steps: (i) the generation of a crystalline standard
(CS) and (ii) annealing at the self-nucleation temperature T, within
the melting range of the CS. Subsequently, depending on the
particular experiment, the annealed CS is characterized either by DSC
or by atomic force microscopy (AFM). Note that the specific t—T
profiles may deviate from this schematic sketch.

In a second step, the CS samples were heated to a predefined T, and
annealed at that temperature for 10 min. T, was varied from 36 to 52
°C.

Afterward, the samples were cooled to 0 °C and subsequently
heated to 80 °C to analyze the resulting crystals (see Supporting
Information for further details).

The T, and T,, were defined by the corresponding peak values in
the DSC scans. In all heating/cooling steps, the heating rate was 10
°C/min.

Thin Film SNE: Sample Preparation. Pieces of a gold-coated
silicon wafer were used as substrates for the PB-b-PEO thin films
because we aimed to modify them with the M3M thiol to increase the
hydrophilicity (for details on the gold deposition and thiolation, see
Supporting Information). In our experience, PB-b-PEO thin films on
M3M modified substrates show considerably less dewetting than on
pure gold or silicon surfaces.

Thin films were prepared by spin-coating 20 yL of a 0.5 wt %
copolymer/chloroform solution onto the M3M-modified gold surfaces
at 4,000 rpm. The samples were heated in an oven at 80 °C for 1 h to
erase the thermal history and were rapidly cooled by transferring them
into a refrigerator set to a temperature of 6 °C afterward to create the
thin film CS. The cooling rate in the refrigerator was not precisely
determined, but within the crystallization range it was virtually
comparable to the 10 °C/min used for the DSC measurements.

The thin film SNE was performed to investigate the influence of the
chosen annealing temperature, T, on the thin film surface
nanostructure. Therefore, thin film CS samples were held at selected
T, (36, 40, 44, 46, and 48 °C) in accordance with the bulk SNE. The
annealing was performed for 96 h. All annealed film samples were
immediately cooled in the refrigerator to 6 °C afterward. The entire
thin film SNE temperature profile is schematically presented in Figure
1.

Thin Film SNE: Atomic Force Microscopy. The polymer films
were characterized by atomic force microscopy (AFM) with a
Dimension 3100 equipped with a Nanoscope Controller IV (Veeco
Metrology, Santa Barbara, CA). The cantilevers were purchased from
Olympus (model OMCL-AC160TS-W, Tokyo, Japan) and featured a
resonance frequency of approximately 300 kHz, a spring constant of
around 42 N/m, and a typical tip radius of less than 10 nm (typical 7
nm). AFM height and phase images were measured with a ratio of set-
point A, to driving amplitude A, of approximately Ag,/A = 0.75. The
polymer films’ thickness was determined by AFM height measure-
ments performed at carefully introduced scratches.
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For the determination of the long-period I, i, the PB and PEO
lamellae size, a two-dimensional fast Fourier transformation (FFT)
was applied to the AFM phase images. The spatial frequency with the
maximum intensity in the 2D FFT spectra was retransformed to the
spatial domain and considered to be the long period. The results were
compared with lamellae sizes, manually determined by studying ten
line plots of the phase values perpendicularly to the lamellae direction.
The half-height method was applied to calculate the individual
thiczlgness of the crystalline lppo and the adjacent amorphous lamellae
Ipg.

B RESULTS

First, the crystallization, melting, and self-nucleation behavior of
the bulk polymer were studied in the framework of a bulk SNE
by DSC. In a second step, the SNE was repeated with PB-b-
PEO thin films, and the thin film surface structure was
investigated with AFM, i.e,, the thin film SNE.

Bulk SNE: Differential Scanning Calorimetry. Prior to
the bulk SNE, the CS was calorimetrically characterized (Figure
2, bottom curves), and a T, = 19.5 °C (Figure 2A) and T, =

A T cooling B heating
o, Ts :
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Figure 2. Calorimetric characterization of the PB-b-PEO in the bulk
SNE. Plot A shows the cooling scans after annealing at indicated T..
Plot B displays the corresponding heating scans. The distinct annealing
regimes (ARs) are marked. The cooling and heating scan of the CS
reference is shown at the bottom. Corresponding crystallization and
melting peak temperatures as well as enthalpies are presented in Table
1L

47.9 °C (Figure 2B) were obtained. In addition, the melting
range of the CS between the beginning of the melting peak at
36.0 °C and melting peak offset at 51.3 °C determined the T
interval in which the SNE was performed (Figure 2B, bottom
curve).

In dependence of the T, three different annealing regimes
(AR) can be distinguished in the following bulk SNE, which are
shown in Figure 2, split into the cooling (Figure 2A) and
heating curves (Figure 2B):

AR 1: For a T, between 36 and 44 °C, no crystallization peak
was observed during cooling, but during heating the T,
increased monotonously from 50.3 to 50.9 °C.

AR 2: For a T of 45 and 46 °C, small crystallization peaks
were observed during cooling, and two distinct melting peaks
were observed during heating.

AR 3: For a T, between 47 and 52 °C, broad crystallization
peaks were observed during cooling, whereby T, decreased
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from 32.2 to 24.0 °C and the T,, = 48.0 °C stayed constant,
except for T, = 47 °C, where T,, = 47.6 °C during heating.

Table 1 summarizes the T, and T, as well as the enthalpies
of crystallization and fusion of the bulk SNE.

Table 1. Summary of the Calorimetric Properties of the Bulk
SNE for Selected T,*

T, T, T/ Tma AH,_ AH annealing
(C) (O cc)” 0/8)  (/s) regime (AR)

- 19.5 479/— 38.9 38.7 CS (not annealed)
36 - 50.3/— 0 40.8 1

40 - 50.5/— 0 40.9 1

44 - 50.9/— 0 40.6 1

45 36.4 43.3/51.0 10.3 40.3 2

46 34.7 45.9/51.5 24.1 40.2 2

47 322 47.6/— 39.9 39.8 3

48 28.0 48.0/— 39.6 39.0 3

S2 24.0 48.0/— 39.3 38.8 3

“The table lists the crystallization temperatures T, melting temper-
atures T, enthalpies of crystallization AH, and enthalpies of fusion
AH; as determined from the data in Figure 2. T, applies in cases

where the DSC heating scan featured two melting peaks and
designates the one at higher temperatures.

Thin Film SNE: Thin Film CS Nanostructure. Figure 3A
displays the AFM phase image of the thin film CS surface. The

( R

thin film CS surface

Figure 3. AFM phase images (image size 1 ym X 1 ym, maximum
phase value range 10°) of the PB-b-PEO thin films. The thin film CS
surface is shown in (A). Film surfaces after annealing in the different
annealing regimes at T, of 44, 46, and 48 °C are displayed in (B), (C),
and (D), respectively. The spherulite in (D) is highlighted in blue. The
displayed nanostructures are representative for the respective AR. The
crystalline PEO and amorphous PB appear bright and dark,
respectively.

image shows two distinct phases that represent the PEO
(bright) and PB (dark) phase which were arranged as
meandering lamellae and were observed throughout the entire
sample.

The observed phase contrast arises from stiffness differences
at the film surface. Stiffer crystalline phases appear brighter than
softer amorphous phases under the applied tapping mode
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conditions with an amplitude ratio within the interval of 0.3 <
Ag/Ag < 0.8.° The long-period Iy (Ipy + Ippo) of the thin film
CS surface’s lamellar nanostructure was determined to be 21.7
nm by the 2D FFT spectrum and 21.0 + 3.1 nm by the line
plot method. Furthermore, by analyzing the line plots with the
half-height method, we determined the thickness of the
amorphous PB and the crystalline PEO phase to be I =
12.8 + 1.8 nm and lpgo = 8.2 + 1.3 nm, respectively.

The CS thin films had a film thickness of approximately 60
nm, which was determined from AFM height images at
carefully introduced scratches (data not shown).

Thin Film SNE: Surfaces after Annealing. To character-
ize the effect of the different annealing regions found in the
bulk SNE (Figure 2) on the evolution of the thin film CS
surfaces, they were annealed at similar T of 44, 46, and 48 °C
located in AR 1, AR 2, and AR 3, respectively. The samples
were characterized at room temperature by AFM phase
imaging, shown in Figure 3B—D.

AR 1: Figure 3B illustrates the surface nanostructure of a PB-
b-PEO film annealed at T, = 44 °C. The lamellar surface of the
thin film CS after annealing was maintained but compared to
the unannealed thin film CS the lamellar long-period I,
increased. The detailed values for the increased [, are given
in the next subsection in which the tailoring of lamellar
nanostructures by AR 1 annealing is presented in detail.

AR 2: After annealing the thin film CS at T, = 46 °C, the film
surface featured thick meandering crystalline lamellae and small
crystallites in between (Figure 3C).

AR 3: Figure 3D displays the thin film CS surface after
annealing at T, = 48 °C. The lamellar surface nanostructure
disappeared, and spherulites with individual concentric lamellar
crystals at their rim appeared.

Thin Film SNE in AR 1: Tailoring Lamellae Thickness
by the Choice of T,. Since we found a lamellar thickening
effect in AR 1, we explored it in more detail by varying T, in AR
1 using smaller temperature steps. Thin film CSs were annealed
at a T, of 36, 40, and 44 °C in AR 1, respectively. Figure 4
shows AFM phase images of the thin film CS after annealing
and the corresponding AFM line plots.

Lamellar surface structures were observed for every T, in AR
1. The I, of these lamellar surface nanostructures as well as the
thickness of the respective PEO and PB phase, Ippo and Ipg, are
shown in Table 2. In addition, the I,y values are displayed in
relation to the PEO extended chain length [, = 15.9 nm. The
latter value is obtained by multiplying the PEO contour length
of 0.2783 nm by the degree of polymerization (of 57). lpgo /I
yields the basis for the chain fold models presented later.*” It is
obvious that the microdomain spacing increased with increasing
T, in AR 1 compared to the thin film CS.

B DISCUSSION

In this study, we identified three annealing regimes with specific
calorimetric bulk properties of the PB-b-PEO in a bulk SNE.
The analogue thin film SNE led to three thin film surface
nanostructure types for these three ARs. Thus, each AR in the
DSC SNE corresponds to a distinct surface nanostructure and
hence strongly suggests a correlation between bulk and thin
film SNE. As a key finding of this study, this correlation allows
us to systematically tailor the surface nanostructure of a diblock
copolymer thin film in AR 1.

This section is divided as follows: First, we establish the
correlation between bulk and thin film SNE. Afterward, we
discuss the lamellae thickening effect observed in the thin film
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thin film CS surface A
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Figure 4. AFM phase images (image size 500 nm X 500 nm, maximum
phase value range 10°) of PB-b-PEO thin films and the corresponding
line plots. The thin film CS surface is shown in (A). The lamellar film
surfaces after annealing at T; of 36, 40, and 44 °C are displayed in (B),
(C), and (D), respectively. The crystalline PEO is bright and the
amorphous PB is dark. The corresponding line plots were derived
from the corresponding lines in the phase images.

Table 2. Quantification of Nanostructures in AR 1

annealing Igo (nm)  bpo/lye  lpp (nm) Iy (nm)

CS (none) 82+ 13 0.51 128 +1.8  21.0 + 3.1 (21.7)
T,=36°C 108 + 1.6 0.67 13.5+£20 243 + 3.6 (252)
T,=40°C 124+ 18 0.78 154 +24 278 + 42 (276)
T,=44°C 161 %22 1.01 181 +£2.0 342 + 43 (33.7)

“The thickness of the PEO phase, lpgo, its relative value to the
extended PEO chain length I, the thickness of the PB phase, lp, and
the long period I, are listed in dependence of the T,. The length values
were determined by line plots; the values obtained by the 2D FFT are
given in parentheses.

SNE in AR 1. Finally, a brief theoretical discussion of the results
in analogy to the Hoffman—Weeks and Gibbs—Thomson plots
enables us to predict the self-nucleation temperature to obtain a
specific PEO lamellae thickness.

Bulk SNE: Differential Scanning Calorimetry. The
calorimetric properties of the PB-b-PEO were studied in the
framework of the bulk SNE. Three different annealing regimes,
ie, AR 1, AR 2, and AR 3, were found in the bulk SNE (Figure
2).

The characteristics of the AR 1 are no crystallization peaks
during cooling and increased melting temperatures, compared
to the CS, during the subsequent heating. Both characteristics
are explained by the annealing of the crystalline PEO block
which induced thicker crystals with less crystal defects
compared to the CS, yet no PEO was molten during
annealing."* ™" The annealing is evidenced by the increase of
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the enthalpy of fusion from 38.7 J/g for the CS to 40.7 + 0.2 J/
g in AR 1 (Table 1).

For AR 2, we observed small crystallization peaks during
cooling and two distinct melting peaks, ie, T,; and T,
during heating. The crystallization occurred at increased
temperatures compared to the CS which indicates self-
nucleation during cooling.ls_16 In comparison to the CS, one
of the melting peaks (T},,) was shifted to higher temperatures,
caused by a crystal thickening during annealing. The twofold
observation, crystal thickening during the annealing and the
self-nucleated crystallization during subsequent cooling, in-
dicates a partial melting during annealing."*~'¢ Therefore, the
second melting peak (Ty,;) can be assigned to the melting of
self-nucleated crystals. In comparison to AR 1, the enthalpy of
fusion for AR 2 slightly decreased to 40.2 + 0.1 J/g, which
indicates less crystal perfection, in turn a potential result of the
impediment of the crystal growth during cooling by the
thickened, remaining crystals.

In AR 3, a broad crystallization peak during cooling and a
single melting peak during subsequent heating were found.
Here, the crystallization occurred at increased temperatures
compared to the CS, too, which indicates self-nucleation during
cooling.ls_16 The effect that T, decreased with increasing Ty is
explained by a decreased short-range order present in the melt
during cooling.'*™*® T, remained nearly constant compared to
the CS at about 48 °C, which led to the conclusion that no
crystal thickening occurred, and in turn, this suggests that all
crystals were molten during annealing in AR 3. This agrees well
with the enthalpies of fusion in AR 3 of 39.0 #+ 0.2 J/g, which
approach the values of the CS, 38.7 J/g, again.

To the best of our knowledge, only two bulk SNE of
semicrystalline diblock copolymers (polyethylene-block-poly-
styrene)'®"? and one double crystalline diblock copolymer
(poly(p-dioxanone)-block-poly(e-caprolactone))*® have been
reported so far. Similar calorimetric characteristics for PEO
crystallization and self-nucleation were found for the annealing
of miscible blends of poly(ethylene oxide)/poly(3-hydroxybu-
tyrate).”” Nevertheless, our study is the first report of a bulk
SNE on an amphiphilic diblock copolymer. Amphiphilic
diblock copolymers are potentially useful for new applications
of nanostructured polymers in the life sciences.”**

Thin Film SNE: Thin Film CS Nanostructure. The thin
flm CS (Figure 3A) showed a meandering lamellar surface
nanostructure, a sign that microphase separation occurred
before crystallization,*** which was prepared by complete
melting and subsequent fast cooling of the PB-b-PEO thin
films. In this subsection we explain the formation of the thin
film CS nanostructure.

In our thin film CS (Figure 3A), the lamellar surface
structure was homogeneously observable over the entire film
surface. This is the result of the rapid cooling applied to obtain
the thin film CS since in case of slow cooling lateral breakout
crystallization occurred.’’ The rapid cooling probably pro-
moted a high rate of nucleation and impeded the lateral crystal
growth due to limited diffusion. The relaxation time of the PB
phase is increased for lower temperatures which may have led
to a stronger confinement.

The I, as well as lppo and Ipg value of the thin film CS
meandering lamellae were determined to be 21, 8, and 13 nm
(Table 1), respectively. Assuming the lamellar structure of the
PB-b-PEO thin film extends from the thin film surface to the
substrate, a PEO volume fraction of 21 nm/8 nm = 0.39 can be
calculated. However, this disagrees with the crystalline PEO
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volume fraction f*O¢ based on the molecular weight of the
blocks of approximately 0.26 (see Supporting Information for
details). Thus, we propose that the observed surface lamellar
structure consisted of PEO cylinders oriented parallel to the
surface, confined in a PB matrix. For this to occur, the PEO
crystallization must have been confined to cylinders by the soft
PB block. This agrees with previous reports on thin films of
cylinder-forming low molar mass poly(ethylene-co-butylene)-
block-poly(ethylene oxide) and PB-b-PEO diblock copoly-
mers.>>

For low molar mass crystalline homopolymers and diblock
copolymers it has previously been observed that the crystalline
lamellae thickness depends on the chain folding state and, thus,
directly on the chain length.'”'®*73¢ For the polymer used
here the theoretical length of the extended crystallized PEO
block I is 15.9 nm. Crystalline PEO lamellae consisting of
once-folded chains, correspondingly, have a thickness of
approximately 7.9 nm. Based on the double-layer crystal
model of Lotz and Kovacs,'” the theoretical, thickest
conceivable PEO crystal for the PB-b-PEO consist of
noninterdigitated extended PEO chains,** called the double
extended conformation with a theoretical thickness of I;, = 31.8
nm. The constancy of the enthalpies of fusion (Table 1), and
thus the degree of crystallization, allows the interpretation of
varying lamellae thicknesses as measured by AFM as a change
in the chain conformation. The thickness of the thin film CS
PEO phase of lppo = 8 nm (Table 1) matches the once-folded
PEO chain length, ie., 7.9 nm, well. This can be explained if
both nucleation and growth were restricted by the soft PB
confinement to a cylinder with a smaller diameter than the
PEO extended chain length. Once-folded chain crystals have
previously been found for low molar mass crystallizable
homopolymers, amorphous—crystalline and double crystalline
diblock copolymers in the bulk and in the thin film.'”'®33733

A model for the thin film CS nanostructure is presented in a
following subsection and combined with corresponding models
for emerging nanostructures (Figure S).

Thin Film SNE: Nanostructures after Annealing. In the
thin film SNE we observed three distinct types of thin film
surface structures in dependence of the AR:

AR 1: After annealing the thin film CS at T, = 44 °C, the
surface structure was still lamellar (Figure 3B), but the lamellar
long-period [, increased compared to the unannealed thin film
CS. This observation is explained by the thickening of PEO
crystals during the annealing because an increased T, a
hallmark of thicker crystals, was measured in the corresponding
bulk SNE heating scan (Figure 2B). Furthermore, no
crystallization peaks were found in the bulk SNE cooling scan
(Figure 2A), which means that the crystalline PEO just
rearranged on a local scale but did not melt. Temperature-
dependent lamellar thickening of PEO in AR 1 is discussed in
more detail in the next subsection.

AR 2: After annealing the thin film CS at T, = 46 °C, the film
surface nanostructure consisted of two crystal species: (i) thick,
meandering crystalline lamellae and (i) small crystallites in
between (Figure 3C). Accordingly, the corresponding bulk
SNE heating scan (Figure 2B) featured two melting peaks with
Ty =459 °Cand Ty, = 51.5 °C. In addition, compared to the
CS, we observed a crystallization peak with an increased T, =
36.4 °C in the bulk SNE cooling scan (Figure 2A) that unveils
self-nucleation during cooling. The residual, thick, meandering
crystalline lamellae (Figure 3C) are correlated with the T, and
the small crystallites in between with T, and T,
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thin film CS surface

once-folded chain
crystals

PEO blocks
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Figure 5. Schematic PEO thickening model. AFM phase images
(image size 100 nm X 100 nm, maximum phase value range 10°) are
magnifications of the AFM phase images in Figure 4. The
corresponding models (not to scale) show two crystalline PEO
lamellae and part of the PB matrix phase. (A) The initial once-folded
crystals in the thin film CS. (B, C, D) PEO chain conformation after
annealing in AR 1 at T = 36, 40, and 44 °C, respectively. Note that the
polydispersity of chains, i.e. PEO chains with different length, is only
shown in (C) and omitted in (A, B, D) for clarity.

The meandering of the thick crystalline lamellae (Figure 3C)
indicates that they had originally been formed in the thin film
CS and thickened afterward. We suppose that these thick
crystalline lamellae were built by the longer PEO chains of the
polymer weight distribution (PDI = 1.06) and, thus, exhibit the
highest melting temperatures, ie., T,,,. In fact, it is suggested
by a theoretical analysis in the next subsection that the PEO
crystals associated with T}, in AR 2 were comprised of double
extended chains. Shorter PEO chains formed no crystallites
because their T, was too low to persist at T

In the melt of the shorter PEO blocks a high degree of short-
range order remained. This short-range order enabled self-
nucleated recrystallization of the shorter PEO blocks during
cooling, which is evident from the increased T, in the
corresponding bulk SNE (Figure 2A). The self-nucleated
shorter PEO blocks formed small crystallites, which partially
overwrote the original thin film CS structure (Figure 3C). This
is a form of breakout crystallization because the higher
crystallization temperatures lead to a softening of the PB phase.

In conclusion, the two crystalline species on the annealed
film surface resulted from a partial melting of the thin film CS
lamellae that included lamellar thickening and self-nucleated
crystallization during cooling.
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AR 3: After annealing at T = 48 °C, the original lamellar thin
film CS surface structure disappeared and spherulites with
individual concentric lamellar crystals at their rim appeared
(Figure 3D). In the corresponding bulk SNE cooling scan
(Figure 2A), self-nucleation was detected because the T,
increased compared to the CS. In addition, the bulk SNE
heating scan (Figure 2B) showed only one melting peak with a
T, = 48 °C, similar to the CS. Thus, the obtained thin film
surface nanostructure is explained by a melting of all thin film
CS lamellae during annealing and a self-nucleated crystallization
during subsequent cooling. The spherulitic shape is a result of
the weaker PB block confinement, i.e., breakout crystallization,
at elevated temperatures and the increased time the PEO
crystal is given to grow parallel to the substrate in comparison
to the thin film CS.

In previous studies, surface parallel crystallization, ie., a type
of breakout crystallization, has already been observed on the
surface of cylindrical thin films for a hydrogenated PB-b-PEO
after isothermal crystallization at 40 °C and after long-term
storage of poly(isoPrene—hlock—ethylene oxide) thin films at
room te:mperature.3

In conclusion, the changes of the thin film CS surface
structure in the thin film SNE (Figure 3) are explained by
different events, interpreted on the basis of the bulk SNE data
(Figure 2): (i) no melting and lamellar thickening for AR 1, (ii)
partial melting including lamellar thickening and self-nucleated
breakout crystallization during cooling in AR 2, and (iii)
melting of all crystalline lamellae and self-nucleated breakout
crystallization during cooling in AR 3.

None of the three previous studies which applied the SNE to
diblock copolymers correlated the calorimetric groperties with
resulting surface micro- and nanostructures.'®'”?® Yet, in this
study good correlations were found between calorimetric bulk
properties as measured by DSC (T,, (T,), T. (T,), AH; (T,)
and their changes relative to the CS values) and distinct thin
film surface structures (crystalline lamellae, spherulites, and
lamellar thickness as well as orientation) as measured by AFM.
The knowledge of the systematic relation between calorimetric
properties and surface nanostructure is essential to predictably
tailor copolymer thin film nanostructures by crystal thickening.

At first glance, it surprises that the bulk polymer DSC data
correlates so well with thin film polymer nanostructures. DSC,
however, measures melting, crystallization, and microphase
separation behavior of polymer nanostructures.”” It is this
nanostructure that we also observed in AFM measurements of
thin diblock copolymer films.

One can at least expect two deviations of structure and/or
properties between bulk polymers and thin film: (i) differences
in T, due to a change from bulk diffusion to surface diffusion
and (ii) limited crystal orientation possibilities due to the
confinement of the thin film. The former effect (i) will lead to
an increased T, value,*® which can increase the rigidity of the
PB soft confinement and might be relevant for our thin films
with a thickness <60 nm. However, it has no effect on the
crystalline properties of our film, as we used prolonged
annealing times of 96 h for the thin film SNEs. Differences in
crystal orientation between polymer bulk and thin film, ie.,
effect (i), will not have an effect on DSC results. In general, it
has already been stated by Hoffman et al. that there is little
difference between nanometer sized single crystals and bulk
polymer crystals when the melting point is concerned.”

Thin Film SNE in AR 1: Tailoring Lamellae Thickness
by the Choice of T,. We have shown that a lamellar
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Figure 6. Theoretical analysis of bulk and thin film SNE data in AR 1. (A) is a Hoffman—Weeks analogous plot fitted according to eq 1. (B) is the
Gibbs—Thomson plot fitted according to eq 2. The gray regions are experimentally “inaccessible” areas: T, > T, and lppo < I, at all times.

thickening can be accomplished in PB-b-PEO thin films by
increasing the T, in the range of 36—44 °C (Figure 4). In this
subsection, we develop a model of the T, depending lamellar
thickening (Figure S) by comparing the lppo values measured
by AFM to dimensions of a theoretical chain conformation.
Afterward, on the basis of an analogy to the Hoffman—Weeks
and Gibbs—Thomson plots for semicrystalline homopolymers,
we establish a functional relationship between the lamellar
thickness lppo and T which will allow us to predict the T for a
desired Ilpge. Finally, we discuss the effect of the PEO lamellae
thickening on the amorphous PB phase.

The following PEO lamellar thickening model is based on
two established assumptions: First, we suggest that the c-axis of
the PEO crystals and, thus, the PEO chains themselves were
oriented parallel to the substrate surface. If this c-axis
orientation had not been present, one would have observed
crystal growth parallel to the film plane, which was not the case.
The c-axis orientation effect has previously been investigated in
polyethylene-block-poly(ethylene oxide) co-oligomer thin films
by gracing incidence X-ray scattering experiments.40 Second,
PEO lamellae thinner than the extended PEO chain length
consist of a single interdigitated crystal (zipper principle) where
the PEO chains of the PB-b-PEO enter from both sides of the
crystal.** A PEO lamellae thicker than the extended PEO chain
length consists of noninterdigitated PEO crystals; thus, the
thickest possible PEO crystalline lamellae consist of double
extended PEO chains.'”***!

On the basis of the obtained Ipgo/l,, values (Table 2) we
identify the following PEO chain conformations: The thin film
CS consists of once folded chains (Figure SA). The T, = 36 °C
and T, = 40 °C samples fit the noninteger folded PEO chain
(Figure SB,C), while the T, = 44 °C sample comprises of
extended PEO chains (Figure SD).

According to the literature, the noninteger folded crystals are
not stable for homopolymers and, thus, cannot be precisely
assembled.*” For semicrystalline diblock copolymers thin films,
Reiter et al. observed that the lamellae were formed by stable
integer folded as well as the noninteger folded chains.** In
addition, they predicted extended chain lamellae but did not
observe them. We think this is due to the fact that Reiter et al.
crystallized the thin films from the melt. This has one great
disadvantage: The formation of thicker crystals, e.g,, consisting
of extended chains, requires low undercoolings, where in turn
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the nucleation rate is very low and the secondary nucleation
rate (lateral crystal growth) is high. Because of the thin film
geometry, lateral crystal growth occurs parallel to the film
surface and, thus, inhibits the formation of surface perpendic-
ular lamellar nanostructures, which are required for applica-
tions.

In contrast, in this study we avoided lateral crystal growth by
thickening the CS, which contains a high nuclei density.
Therefore, integer and noninteger folded as well as extended
chain crystals can be individually observed in the surface
lamellar nanostructures, depending on the subsequent anneal-
ing temperature. This extends the length range of tunable
surface lamellae nanostructures by at least a factor of 1.5.

Then again, the observation of noninteger folded inter-
mediate states at T, = 36 and 40 °C suggests that the crystalline
lamellae thickness can be adjusted continuously between the
integer folded and the extended state. This can only be
explained by the block length distribution because for a
monodisperse PB-b-PEO, discrete chain conformations similar
to homopolymers are expected.

The intermediate thickness can, thus, be realized if PEO
chains with different lengths form the crystalline PEO lamellae.
Short PEO blocks, therefore, may be integrated as extended
chains into the crystalline lamellae while long PEO blocks are
integrated in the same crystal in a folded conformation.

Crystalline lamellae consisting of chains with different length
were first observed for binary mixtures of n-alkanes.”> We
assume that the observed intermediate state will enable us to
design nanostructures with continuously tunable lamellae
widths.

Thin Film SNE in AR 1: Prediction of Ipgg as a Function
of T,. We will now establish a functional relation between lppq
and T, by applying an analogy to the Hoffman—Weeks and
Gibbs—Thomson equations for homopolymers,* which predict
a linear relationship between T, and T. and a linear
relationship between T, and [, respectively:

1)
1— =
7
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201
AHf0 ) (2)

In these equations T}, is the melting point of a perfect crystal
comﬁ)osed of infinite long polymer chains (for PEO Tg = 68.9
°C),’® 7 is the folding parameter, T. is an isothermal
crystallization temperature, o is the surface free energy of the
crystal forming in the melt (for extended PEO chains ¢ = 25.5
erg/cm?),'® and AHY the enthalpy of fusion for a completely
crystalline polymer (for PEO AH; =196.4 J/g)."® Ashman and
Booth extended the theory to diblock copolymers, and their
result is that essentially that the Gibbs—Thomson equation is
preserved but the meaning of ¢ changes.*
Therefore, by equating eqs 1 and 2, we find

20
= 5
(AHf]

Equations 1—3 have been questioned in the literature, and they
do not apply here without severe limitations (see Supporting
Information for details)."®**** Nevertheless, we will use this
simple model (eqs 1—3) and apply it as a first-order
approximation due to its simplicity (for a more rigorous
treatment the application of the theory of Buckley and Kovacs
is suggested which accounts for low molecular weight effects).'®

A second assumption we made is that the Hoffman—Weeks
equation, which describes the thickening during the crystal-
lization can be used to describe the thickening of already
existing crystals (we equate T. with T). According to the
derivation of the Hoffman—Weeks equation,®® this modifies the
meaning of the folding parameter y. Therefore, we cannot
extract thermodynamic properties from the first-order approx-
imation, like the folding parameter or the surface free energy of
the crystal in a physically meaningful way.

We used the T, and T; data of the bulk SNE in AR 1 (partly
presented in Table 1) to generate the Hoffman—Weeks plot
(Figure 6A). By extrapolating the data to T, = T, the most
stable crystalline species in the PB-b-PEO was found to melt at
T, =T, = (514 + 02) °C = T2, . This fits the second melting
peak Ty, = S1.5 °C (Table 2 and Figure 2) measured during
the bulk SNE in AR 2, which, in turn, is linked to the thick
meandering lamellae in the thin film SNE (Figure 3C).

We can further use the T, and lLzo data (bulk SNE and thin
film SNE) in AR 1 (Tables 1 and 2) to display the Gibbs—
Thomson plot (Figure 6B). By linearly extrapolating the
Gibbs—Thomson plot, the melting point of the double
extended chain PEO crystal with a length of l;, = 31.8 nm is
predicted to be T% = 51.5 + 0.3 °C. This value matches T
fairly well (Figure 6). With T9, we have the case that a DSC
derived property can also predict structure because for the PB-
b-PEO the hypothetically most stable crystal has a defined
shape, ie., double extended chain.'” The agreement of the
individually obtained T9, and T% values lead to two findings.
First, the assumption of the existence of the double extended
PEO crystals in AR 2 (see above) is valid. Second, but even
more important, it indicates that the relation between the bulk
SNE and thin film SNE is viable and correct because here we
combine data from both bulk SNE and thin film SNE, and they
predict the same melting temperature for the most stable
crystal, ie, TS = T, Thus, we conclude that all possible
uncertainties and differences that may have occurred in the
sample preparation between bulk and thin film SNE do not
affect the crystallization of the PEO phase, at least not to an

T, = ij(1 -

YT

Ty =T, 3)
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extent that invalidates the relation between bulk and thin film
SNE.

Thus, with the linear fitting parameters of the Hoffman—
Weeks and Gibbs—Thomson plots (Figure 6), we obtain, in a
first order approximation, the relation between lpyo and T; (in
Kelvin):

a

p-T (4)

with @ = (2.4 + 0.3) X 107" m K and = 332.1 + 2.0 K. The
errors of the parameters are calculated by a propagation of
uncertainties where for the fit of the Gibbs—Thomson plot
(Figure 6B); TS = T and Iy, were used as a fourth pair of
values.

It would be desirable to increase the number of data-points
for the Gibbs—Thomson plot or reduce the error of the length
measurement by replacing the AFM measurements with
gracing incidence small-angle X-ray data measurements. The
maximum achievable lamellae thickness predicted by eq 4 is
Iogo = Iy = 31.8 nm. However, lamellae as thick as I, with a T
were only present in AR 2, but the corresponding thin film
surface featured an inhomogeneous coverage of thick lamellae
(Figure 3C) which precluded its direct measurement. Also from
an application’s point of view where a homogeneous surface
coverage is desired, the predictable crystal thickness is limited
to the thickness of the extended PEO chain length (AR 1).
Nevertheless, it can be concluded that based on a dual SNE, it
is possible to predict the PEO lamellae thickness Ippg in thin
block copolymer films obtained at a specific annealing
temperature T, which is a key result of the current study.

Concurrently to the thickening of the crystalline PEO phase,
we observed an increase of the amorphous PB phase width
(Table 2) with increasing T,. The thickening of the PB phase is
explained by an increased chain stretching as a result of the
higher junction point density within the interface between the
PB and PEO due to the formation of less folded chain crystals.

In general, the formation of polymer crystals with different
thicknesses has been intensively studied for homopolymers by
crystallization from the melt or solution and by lamellar
thickening.ls's‘?”39 It has also been studied for semicrystalline
diblock copolymers in the bulk or at their single crystals by
crystallization from the melt or solution.”'”** But, from an
application’s point of view, it is especially important to achieve
heterogeneous lamellar structures at the surface, ideally with a
(thermally) tunable lamellae size. In previous studies the
tunable lamellae size was limited by decreased nucleation and
increased lateral crystal growth at low undercoolings. In
contrast, our approach, ie. thickening of crystalline lamellae
by annealing a CS, inhibits lateral crystal growth and, thus,
enables the fabrication of defined predictable tunable lamellar
surface nanostructures over a the entire range of folded and
extended crystal lamellae.

lpgo = ,  for T, < T = T (in units of K)

Bl CONCLUSION

In the current study, we introduce a relation between film
surface structures and calorimetric bulk properties of a
crystalline diblock copolymer within a dual self-nucleation
experiment.

Starting from a thin film crystalline standard, a defined initial
state, it is possible to explain changes in the thin film surface
nanostructure after annealing by different calorimetric proper-
ties observed in the calorimetric bulk self-nucleation experi-
ment: In annealing region 1, the lamellae were solely thickened
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because no melting occurred. In annealing region 2, lamellae
were thickened and self-nucleated breakout crystals formed
during cooling, due to a partial melting. Finally, in annealing
region 3, spherulites formed by the self-nucleated breakout
crystallization, during cooling, because all original crystalline
lamellae of the thin film crystalline standard were molten.

Furthermore, the thickening of crystalline lamellae of the low
molar mass polybutadiene-block-poly(ethylene oxide) in
annealing region 1 provides the possibility to tune the
crystalline lamellae thickness within the range of 8—16 nm
where the end points correspond to once-folded and nonfolded
(extended) poly(ethylene oxide) chains, respectively. On the
basis of the Hoffman—Weeks analogous and Gibbs—Thomson
plots, we showed that the bulk and thin film self-nucleation
experiments can be correlated consistently.

The dual self-nucleation experiment was demonstrated to be
a systematic and precise approach to induce and tailor surface
nanostructures of diblock copolymers. It will be an invaluable
tool for upcoming studies on crystalline diblock copolymer thin
films because it is now feasible to predict thin film surface
nanostructure dimensions.

In contrast to previous studies, the crystalline lamellae width
was continuously tunable in this range which can potentially be
used to adapt the obtained nanostructures to the specific needs
of the respective application. Crystallization-based tunable
amphiphilic nanopatterns are interesting for materials science
applications requiring surface structures with different sizes, as
e.g, in photonics or the biomedical field.
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Materials & Methods

Temperature profile for the bulk
SNE — Details

In a first step, the crystalline standard was pre-
pared. The samples were heated up to 80°C
to completely melt the polymer and to delete
the thermal history. Subsequently, the samples
were cooled from 80°C to 0°C to crystallize
the polymer under uniform conditions. This
procedure was repeated twice to characterize
the CS in the DSC. The corresponding DSC
cooling and heating scans provide information
about the calorimetric properties of the CS, i.e.,
crystallization and melting. Based thereon, we
chose the T, range for the bulk SNE to sample
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the interval within the range of the CS melt-
ing peak. In a second step, the CS samples
were heated to a predefined T, and annealed at
that temperature for 10 min. 7, was varied from
36 to 52°C, i.e., in the pre-determined melt-
ing range of the CS. Subsequently, the samples
were cooled in the DSC scan from T, to 0°C
to crystallize all molten material. These bulk
SNE cooling scans provide information about
the crystallization behavior of the crystallizable
copolymer block after annealing at T,. After-
wards, the samples were heated to 80 °C to com-
pletely melt the resulting crystals. The corre-
sponding bulk SNE heating scans provide infor-
mation about the melting behavior of the crys-
tals generated by the aforementioned annealing
and crystallization procedure.

Gold substrate preparation and
M3M thiolation

The gold substrates were prepared by physi-
cal vapor deposition (Leybold Vakuum GmbH).
200 nm thick gold films were deposited on sil-
icon wafers via electron-beam deposition, us-



ing a deposition rate of 0.4nm/s. The gold
coated substrates were ultrasonicated for 5 min
in ethanol and subsequently cleaned in argon
plasma for 5 min. Thereafter, the gold surfaces
were modified with a self-assembled monolayer
(SAM) by immersing the gold substrates for 2h

into a 5mm01/L ethanol solution of the M3M
follovwod by ringine with othangl an

followed by rinsing with ethanol and drying in
a stream of compressed air. Finally, the M3M
modified gold substrates were annealed for 1h
at 80 °C.

Discussion

Prediction of the bulk PB-b-PEO
Phase - calculation of PEO

For PB-b-PEO, the T, of the soft PB block
is much lower than usual T, of the PEO
block.5""% This implies that the microphase
separation of the PB-b-PEO imposed a soft
confinement on the crystallization of the PEO
block.5* The structure of the microphase sepa-
rated PB-b-PEO before and after confined crys-
tallization can be predicted by its composition.
The composition can be described by the vol-
ume fractions of the PEO and PB block, fFF0-
and fPB, respectively, whereby fPEOJ ¢ fPB — 1
and (j = a,c) for the amorphous (a) or crys-
talline (c) polymer. We determined fFFOJ by
the blocks’ molar masses MP® and MFEO | the
density p of the components and the Avogadro
constant Ny. MP® and MPEO were calculated
by the degrees of polymerization obtained from
the 'H — NMR measurement. An either com-
pletely amorphous (a) or completely crystalline
(¢) PEO block (j = a, c) is assumed for this cal-
culation while the PB block can only be amor-

phous. fPPOe and fPFO¢ were determined by
using the following equations: 5
A /PEO.
fPEOd — mol , with j =a,c (1)
Vinal > + Vi
. MPEO
VPEOS — _—n_  ith j =a,c 2
mol pPEO’JNA J ( )
PB _ MER (3)
mol pPBNA )

where V"EO% and VEEO are the molecular vol-
umes of the amorphous and crystalline PEO,
respectively, and VF® is the molecular volume
of the PB block. The densities of the amor-
phous PB, the amorphous PEO and the crys-
talline PEO are p"® = 0.86g/cm?, pPFOe =
1.13g/cm? and p"9¢ = 1.23g/cm?, respec-

tively.%% Using equation (1), fP¥O2 and fPEO<
ra comniitod 0 hoe 092 and N 9I9G voanoe

O
VV viv \/Ulll}lul}\/u LU YU V.40 Qllu V.4V, 1\10}1\1\7

tively. Thus, in accordance with the theo-
retical diblock copolymer phase diagram,® a
cylindrical, microphase separated structure of
the PB-b-PEO is expected at a temperature
Topr > T > T,,, where both blocks are amor-
phous. 5457 Cooling the PB-b-PEO below T}, in-
duces nucleation of the PEO within the cylin-
ders confined by the soft PB matrix phase. 5 53
Depending on the temperature profile, PEO can
crystallize within the confinement of the mi-
crophase separation or break-out crystallization
can occur, 3458510

Theroretical interpretation

Limitations of the Gibbs-Thomson

equation for low molecular weight
PB-b-PEO

To rigorously apply the Gibbs-Thomson and
derived equations (4-5, main text) for low
molecular weight polymers is complex because
the surface free energy o varies with the folding
state (until folding becomes a smooth rather
than a stepwise transition with respect to [).
Indeed, Buckley and Kovacs 5! showed that for
low molecular weight PEO the surface free en-
ergy o depends on the folding state, e.g., ex-
tended versus once-folded. In fact, it increases
from extended to once-folded. This would in-
validate a linear fit for the case of a low molec-
ular weight PEO homopolymer. But Ashman
and BoothS'? showed that in the case of a
PEO containing diblock copolymer two addi-
tional surface free energy terms o; and o5 arise
(0 = Ohomopolymer + 01 + 02). 07 accounts for
the enthalpy change in the amorphous block
and is independent of the folding state but oo
which accounts for the entropy change in the



amorphous block, decreases when the extended
chain crystal changes to once-folded. Thus the

donoandancinag of tha ciivfarns fron anovev an thao
AQCPCIIACIICICS O1 Uil SuriacCl irce ¢ncergy oOi wic

folding state cancel each other out partially.
Yet, when we apply the more refined theory de-
scribed by Buckley and KovacsS'? to extract the
overall surface free energy for the 2/3 folded and
the extended case, which yield 40 erg/cm? and
55erg/cm?, respectively, it is obvious that the
surface free energy is affected by the different
folding of the chains.
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